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V 
ABSTRACT 
Metal matrix composites (MMC), especially A1 matrix composites, received a lot of attention 
during many years of research because of their promise for the development of automotive 
and aerospace materials with improved properties and performance, such as lighter weight 
and better structural properties, improved thermal conductivity and wear resistance. In order 
to make the MMC materials more viable in various applications, current research efforts on 
the MMCs should continue to focus on two important aspects, including improving the 
properties of MMCs and finding more economical techniques to produce MMCs. 
Solid state vacuum sintering was studied in tap densifled A1 powder and in hot quasi-
isostatically forged samples composed of commercial inert gas atomized or high purity A1 
powder, generated by a gas atomization reaction synthesis (GARS) technique. The GARS 
process results in spherical A1 powder with a far thinner surface oxide. The overall results 
indicated the enhanced ability of GARS-processed A1 and A1 alloy powders for solid state 
sintering, which may lead to simplification of current A1 powder consolidation processing 
methods. Elemental Al-based composites reinforced with spherical Al-Cu-Fe alloy powders 
were produced by quasi-isostatic forging and vacuum hot pressing (VHP) consolidation 
methods. Microstructures and tensile properties of Al/Al-Cu-Fe composites were 
characterized. It was proved that spherical Al-Cu-Fe alloy powders can serve as an effective 
reinforcement particulate for elemental Al-based composites, because of their high hardness 
and a preferred type of matrix/reinforcement interfacial bonding, with reduced strain 
concentration around the particles. Ultimate tensile strength and yield strength of the 
composites were increased over the corresponding Al matrix values, far beyond typical 
observations. This remarkable strengthening was achieved without precipitation hardening 
and without severe strain hardening during consolidation because of the matrix choice 
vi 
(elemental Al) and the "low shear" consolidation methods utilized. This reinforcement 
effectiveness is further evidenced by elastic modulus measurements of the composites that 
are very close to the upper bound predictions of the rule of mixtures. The load partitioning 
measurements by neutron diffraction showed that composite samples made from GARS 
powders present significantly higher load transfer efficiency than the composites made from 
commercially atomized powders. Also, the composite samples made from GARS powders 
show a higher strengthening effect and ductility than the samples made from commercial 
purity powders. The higher load transfer efficiency and higher strength and ductility may 
result from an enhanced inter-particle bonding strength, promoted by the "clean" interfaces 
between particles. Further analysis of the load sharing measurements and the calculated 
values of the mismatch of coefficient of thermal expansion (CTE) and the geometrically 
necessary dislocation (GND) effects suggest that these strengthening mechanisms can be 
combined to predict accurately the strength of the composites. 
By neutron diffraction measurements, it also was found that the composites consolidated 
from Al and AlggCu^eiz quasicrystal alloy reinforcement powders have compressive 
residual stress in the Al matrix, contrary to the tensile residual stress in typical Al/SiC 
composites. The compressive stress state is promoted by several factors, including the 
volume expansion of the reinforcement particles caused by a solid-state diffusional phase 
transformation of the quasicrystal phase to a lower density crystalline m phase and the 
stiffness mismatch between the matrix and reinforcement phases. This compressive residual 
stress persists in spite of a CTE mismatch factor that acts in opposition on cooling from the 
consolidation temperature. The composites made by the quasi-isostatic forging process 
exhibited higher tensile strengths and much higher compressive residual stresses than the 
composites made by the VHP process. Annealing experiments indicated that this 
strengthening was probably due to an enhanced dislocation density in the Al matrix of the 
forged samples. 
1 
GENERAL INTRODUCTION 
Introduction 
Modem composite material, which is a combination of two or more distinct material phases, 
is usually produced to achieve a particular balance of properties for a given range of 
applications. As a major type of composite material, metal matrix composite (MMC) material 
typically has a fiber or particulate phase that is stiffer and stronger than the continuous matrix 
phase. As early as the late 1970s, efforts were started on developing discontinuously 
reinforced MMC material, chiefly Al alloys, using SiC whisker reinforcements [1]. The 
principal motivation of these efforts was to significantly extend the structural efficiency of 
the Al alloys by achieving high specific modulus and specific strength. But the high cost of 
the whiskers and difficulty in avoiding whisker damage and health hazards during 
consolidation led to the concept of particulate reinforcements [2]. Particulate-reinforced 
MMC material provides essentially isotropic properties, with a balance of enhanced strength 
and stiffness, and reasonable ductility. Additional functional properties for which the MMC 
may be developed, including high thermal or electrical conductivity (or conversely electrical 
and/or thermal insulation), good wear resistance, controlled coefficient of thermal expansion 
(CTE), and/or environmental resistance. The balance of properties obtained in these 
composites typically can not be obtained in any related monolithic material. 
The motivation for the development and application of the MMCs is not only for their 
improved properties and performance, such as lighter weight and better strength, but also 
from the pressures imposed by legislative, economic, or environmental concerns. For 
example, there are legislated financial penalties for failure to comply with corporate average 
2 
fuel economy requirements for lighter, more fuel-efficient automobiles [3]. Motivated by this 
concern, the Partnership for a New Generation of Vehicles (PNGV) was created in 1993 
between the U.S. federal government and the U.S. Council for Automotive Research, which 
represents Chrysler Corporation, Ford Motor Corporation, and General Motors Corporation, 
and also involves federal agencies, national laboratories, universities, and suppliers. The goal 
of the program was to develop a vehicle with up to three times the fuel economy of 
conventional mid-sized sedans, while improving recyclability and maintaining comparable 
performance, utility, safety, and ownership cost standards. Achieving this goal will require 
significant improvements in powertrain efficiency and a weight reduction of up to 40 percent, 
which is about 590 kg for a conventional average six-seat sedan [3]. Therefore, it is obvious 
that extensive weight reduction and use of lightweight materials, such as MMC materials, is 
desired and necessary in automotive parts production. 
Metal-matrix composites are currently in service using materials based on alloys of 
aluminum, titanium, iron, cobalt, copper, silver, and beryllium. By far the most widely 
produced MMCs are based on aluminum alloy matrices, and these are in current use for 
automotive and rail ground transportation, thermal management and electronic packaging, 
and aerospace and recreational applications [1, 3-5]. Usually MMCs are more expensive on a 
per-pound basis relative to the material displaced in applications, but an overall cost 
reduction often results when MMCs are put into service because of improved system 
performance. Moreover, novel or simplified processing methods are being developed for 
producing MMCs to reduce costs by eliminating processing steps [1, 6, 7]. Therefore, in 
order to make the MMC materials more viable in various applications, current research 
efforts on the MMCs should continue to focus on improving the properties of MMCs and on 
finding more economical techniques to produce MMCs. 
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In spite of at least three decades of research conducted on metal matrix composites, including 
mechanical properties, microstructural analysis, fracture behavior and matrix/reinforcement 
interface characterization, the complexities of processing these dissimilar materials systems 
has prevented realization of ultimate composite material design goals. In other words, there is 
still a major difficulty in obtaining optimum interaction between matrix and reinforcement 
and ensuring sufficient wetting or compatibility of the reinforcement elements without 
excessive chemical or mechanical degradation of their properties. The production cost of 
current MMCs, such as Al/SiC MMC, is still a strong barrier to realization of extensive 
applications. The research on developing affordable or cost-effective processing techniques 
similar to those usually carried out for unreinforced alloys is still much needed [1, 3-7]. In 
addition, basic understanding of strengthening mechanisms in MMCs is also need to be 
explored and refined for the purpose of the theoretical prediction and development of more 
advanced composite materials. 
Research Objectives 
The basic research goal focuses on developing understanding of pure Al metal matrix 
composite (MMC) design and synthesis, especially for particulate reinforcement by spherical 
Al-Cu-Fe quasicrystal (QXL) particles, as an ideal example of composite processing 
simplification. It will emphasize the correlation of the processing, microstructure and 
mechanical behavior of the model composites, and improved understanding of the effects of 
the size distribution of the reinforcements, the reinforcement/matrix interfacial behavior and 
the purity of powders. Analysis issues will include the internal residual stresses and 
processing techniques on the mechanical properties and strengthening mechanisms of an Al 
MMC material system. 
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Pure Al powders were chosen as the matrix material to avoid the complications of matrix 
heat treatment effects at this stage of the research on basic strengthening mechanisms and 
interface effects in an Al matrix composite. A powder metallurgy processing technique (solid 
state sintering) is proposed for producing the composites because it offers better 
microstructural control than a liquid phase route and employs lower temperatures that offer 
better control of interface kinetics. The approach also makes it possible to employ alloy 
compositions and microstructural refinements that are only available via rapidly solidified 
powders. In order to find a simplified and relatively low cost powder processing method for 
composites, the effects also were studied of metal powder surface chemistry, especially oxide 
layer thickness and purity, on the solid state sintering kinetics and on the microstructures and 
properties of the resulting composite materials. 
Dissertation Organization 
To support the positions in this introduction, there is an extensive review of research 
literature that is close related to the dissertation study topics. The subsequent chapters are 
arranged in such a way that five individual published or submitted research papers are each 
presented as a separate chapter. The first paper (chapter 2) presents results and discussion of 
metal powder surface chemistry effects on the solid state sintering kinetics, 
matrix/reinforcement particle interface bonding, and tensile properties of composites made by 
quasi-isostatic forging. The second paper (chapter 3) reports the microstructures and tensile 
properties of Al/AlCuFe alloy composites consolidated by quasi-isostatic forging with two 
kinds of metal powders that have different oxide and impurity surface layers. The third paper 
(chapter 4) presents the tensile properties of the composites with several volume fractions of 
reinforcement particles made by vacuum hot pressing (VHP). By neutron diffraction 
measurement of the load partitioning between Al matrix and reinforcement phase, a hybrid 
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strengthening model is proposed to predict the tensile properties of the composite material. In 
the fourth paper (chapter 5), the effects of consolidation techniques, including quasi-isostatic 
forging and VHP, on the residual stresses and tensile strength of the composites are 
presented. The fifth paper (chapter 6) reports the neutron diffraction measurements of the 
residual stresses in the Al matrix and of the load partitioning between different phases in the 
composites. The mechanisms of the compressive residual stresses formed in the Al matrix 
were analyzed. Finally, these chapters are followed by a general conclusion. The references 
for each paper and manuscript are at the end of the chapter in which they are cited. 
Literature Review 
1. Tensile properties of Al matrix composites 
Discontinuous particulate reinforced aluminum (PRA) matrix composites have experienced a 
recent resurgence of interest. Although initial efforts to develop PRA composites were 
directed toward aerospace applications, critical applications have now been implemented in 
the automotive and transportations industries, as well as in the electronics fields. They are 
also being considered in the manufacturing and robotics industries. PRA is a class of MMC 
material with an attractive balance of specific stiffness and strength and a host of other 
properties, including good wear resistance, thermal conductivity, and low thermal expansion, 
all of which makes them good multifunctional light weight materials. PRA materials may 
also exhibit near-isotropic properties when compared to their continuously reinforced 
counterparts, and are easier to process using standard metallurgical processing such as 
powder metallurgy, rolling and extrusion [4, 5]. 
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However, in order to apply the PRA systems in relatively high temperatures, it is also 
necessary to design the system component phases for retention of their high strength at 
elevated temperature. One common approach to retention of strength at high temperature is to 
use ceramic or refractory phases for reinforcement particulate. Reasonable tolerance of 
impact and toughness are also needed for many applications. Although a large number of 
literature references covering both theoretical and experimental aspects are available on the 
mechanical behavior of PRA composites, especially reinforced by SiC, current PRA 
properties are still not as high as they could be, according to the prediction of various 
theories. 
Table 1. The calculated yield strength gain from dislocations due to the differential thermal 
contraction on cooling from a typical consolidation temperature of pure aluminum and the 
ceramic reinforcement, assumed average particle size is 10pm and the aspect ratio is 1. The 
considered volume fraction of ceramic phase is 20 vol.% [3]. 
Ceramic Species Ac (MPa) 
AI2O3 34.37 
SiC 38.69 
TiBz 38.69 
A1N 39.29 
CrN 41.13 
SigN, 40.38 
Fused Silica 42.57 
GrapMfe 42.57 
Table 2. The predicted overall increase in yield strength of Al alloy based MMC with 20 
vol.% SiC and experimentally measured values [3]. 
Particle Size Predicted Ac Experimentally Determined 
(|im) (MPa) Ac (MPa) 
0.5 98.72 60 
10 61.75 34 
70 34.8 27 
250 19.55 10 
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By comparing the theoretically predicted increase in yield strength with experimentally 
measured values in table 1 and table 2, it becomes evident that the predicted yield strength is 
larger than the experimentally determined improvement and the improvement is not large. 
Based on this, end users in a structural application may not be ready to pay a significantly 
increased price for discontinuously reinforced MMCs in comparison with their unreinforced 
counterparts, if the reinforcing provides only a 30-50% improvement in yield strength and 
UTS. Most currently competitive MMCs' benefit/cost ratios are still very low which makes 
these MMCs not commercial viable. The two main reasons for a low Q/C ratio are the nature 
of the discontinuous reinforcement, which enables only a modest improvement of mechanical 
properties over the unreinforced matrix, and the existing technological barriers. From table 2, 
in order to achieve a significant improvement in valuable mechanical properties, ceramic 
particles with an average particle size of less than 2-3 pm should be used and / or a higher 
volume fraction of ceramic phase should be introduced in the metal matrix. Such composites 
are, however, difficult to manufacture, making clear necessary further development of 
processing technologies and new types of composites to make this possible. 
The other primary disadvantage of current PRAs is that they suffer from low ductility, 
inadequate fracture toughness and inferior fatigue crack growth performance compared to 
that of the constituent matrix material [8-11]. Figure 1 (a) shows the composite tensile 
ductility (normalized by the ductility of the unreinforced alloy) as a function of the 
reinforcement volume fraction for a number of commercially available Mg-based MMCs and 
PRA materials [11]. Despite the experimental scatter, the figure shows that the ductility of 
these composites is significantly reduced as compared to the unreinforced counterparts. 
Figure 1(b) from reference [12] shows the same trend of decrease of fracture strain with an 
increase of weight percent of SiC particulates. 
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The dominant factor in controlling the elastic modulus of PRA composites is the volume 
fraction of reinforcement, and it is relatively insensitive to the particle distribution. There are 
several models proposed for predicting the elastic modulus of metal matrix composites. The 
iso-strain model, also known as the rule of mixtures, gives the upper bound of elastic 
modulus and the Iso-stress model gives the lower bound. There is also a Halpin-Tsai model 
specifically proposed for discontinuously reinforced composites which can provide a value 
that is between the upper and lower bound values. The equations for the three kinds of 
models are shown in table 3. 
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Fig. 1. (a) Experimental values of the composite tensile ductility (normalized by the ductility of 
the unreinforced alloy subjected to the same thermo-mechanical treatments) as a function of the 
reinforcement volume fraction [11], (b) Young's modulus and fracture strain vs. amount (weight 
percent) of SiC particulates of extruded material [12]. 
The equations in Table 3 for upper and lower bound of the elastic modulus of the composites 
were derived from variational energy principles of classical elasticity theory. The upper 
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bound of a composite elastic modulus is determined by the principle of minimum potential 
energy. For the case in which the Poisson's ratio value of the matrix is equal to that of the 
reinforcement, v^ = the expression for the upper bound of elastic modulus become the rule 
of mixtures expression Ec = V^Er + VJEm. The lower bound of elastic modulus is determined 
by the application of the principle of minimum complementary energy. 
Table 3. Equations for elastic modulus [13-15]. 
Iso-strain model 
(Rule of mixtures) 
Upper Bound 
Iso-stress model 
Lower Bound 
Halpin-Tsai equation 
Appropriate for continuous reinforcement Appropriate for discontinuous 
reinforcement 
Ec= VrE; + VmEm 1/Ec = V/Er + Vn/Em 
E„(l+^V,) 
B
'- 1-7X 
Ec: elastic modulus of composite material E^: elastic modulus of matrix material 
Ef: elastic modulus of reinforcement material V,: volume fraction of reinforcement 
Y#: volume fraction of matrix S: particle aspect ratio 
The Halpin-Tsai equations, which are an approximate representation of more complicated 
micromechanics results, were developed by an interpolation procedure. The procedure of this 
interpolation enables the generalization of usually limited, although more exact, 
micromechanics results and it is simple, so it can be readily used in the design process. Some 
physical insights into the Halpin-Tsai equations can be gained by examining their behavior 
for the ranges of values of Ç and Ç can range from 0 to . When Ç=0, 1/Ec = V/E, + V^/Em. 
which is the lower bound of a composite material modulus. When <», Ec = VrEr + V^Em, 
which is upper bound of a composite material modulus. Thus ^ is a measure of the 
reinforcement of the composite material. For small values of the fibers are not very 
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effective, whereas for large values of the reinforcements are extremely effective in 
increasing the composite stiffness above the matrix stiffness [16]. 
Figure 2 gives some experimental results for elastic modulus of Al/SiC composites with 
different Al alloys matrix [9,12, 17-20]. Compared with upper bound values by the rule of 
mixtures, the experimental values are apparently much smaller. Halpin-Tsai equations gives 
a relatively good prediction if assume Ç = 2, i.e. aspect ratio S = 1. 
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Fig. 2. Elastic modulus of SiC reinforced composites with different Al matrix compared 
with three prediction models [9,12, 17-20]. 
2. Deformation and fracture of Al MMC 
In particulate composites, fracture initiation is associated with particle fracture, interfacial 
matrix failure, and inclusion fracture, depending on the particular composite and matrix 
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condition. Preferential void nucleation has been observed in regions of high volume fraction 
of particulate, suggesting that local plastic constraints are important [21]. R.J.Arsenault, et al. 
showed that in PRA composites containing a high volume fraction of particles and whiskers, 
the deformation is highly localized. There are manifestations of three distinct localized 
deformation mechanisms : (a) there are very narrow "necks" in fracture samples; (b) the 
dislocation density is confined to a small region very close to the fracture surface; (c) slip line 
generation is confined also to a localized region. Finite element method studies also showed 
that deformation is more severe in reinforcement cluster regions of the matrix than in the 
remainder of the matrix [22]. 
Rom and Arsenault found a higher SiC particle concentration on the fracture surface than in 
the matrix, whereas other work has found a lower concentration, or the same density as in the 
matrix [23]. Many of the fracture studies show that the damage associated with fracture is 
highly localized at the fracture interface, with little evidence of general voiding away from 
the fracture. This raises the possibility that plastic strain tends to localize at a relatively early 
stage of the deformation. S.F. Corbin and D.S.Wilkinson did a microstructural study 
designed to observe flow at low strains (i.e. below 0.2% plastic strain) and reveals that 
deformation develops inhomogeneously in the composites. The onset of plastic flow appears 
to be associated with regions of the microstructure, which are relatively particle free [24]. 
D.J.Lloyd showed that the tensile elongation of a 6061A1/S1C composite is very sensitive to 
heat treatment, decreasing with increasing strength and decreasing work hardening rate [25]. 
But the tensile fracture mode is also very dependent on the reinforcement particle distribution 
that is strongly influenced by many aspects of the processing route. It is suggested that 
fracture initiates in the clusters of reinforcement particles present after fabrication. In these 
clusters, due to elastic misfit and the plastic constraint of the particles, the matrix between the 
particles is subjected to high triaxial stress that results in fracture of the matrix ligaments 
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between the particles. Fracture of the matrix in the clusters, together with any fracture of the 
particles within the cluster, allows a crack to grow through the cluster and to link by fast 
fracture through the matrix to adjacent clusters resulting in macroscopic fracture. These 
clusters in a sense limit the volume fraction of reinforcement that can be used. In powder 
processed MMC, size matching is important because clusters will be more probable if the 
particle size difference of matrix and reinforcement powder is large. 
The geometry of the reinforcement particulate in metal-matrix composites has been shown to 
markedly affect matrix deformation behavior [26]. Studies of the constitutive behavior of 
composite materials by the Unite element method showed that the stress fields that were 
developed in response to external loads can vary significantly with the geometry of the 
reinforcing phase. This has, in turn, been shown to alter fracture behavior especially near the 
matrix/reinforcement interface, where stress concentrations at sharp comers of the 
reinforcements give rise to intense localized plastic flow. Due to the complexity of the stress 
Gelds, dislocation glide, void nucleation, and crack growth in the matrix during plastic 
deformation proceeds differently from those processes commonly dominant in monolithic 
materials. 
J.Llorca, S.Suresh, et al. analyzed the overall constitutive response of the composite and the 
evolution of matrix failure by finite element models [27]. The results showed that sharp 
comers of reinforcement particles act to limit ductility in two ways. The stress concentration 
at a comer site promotes early void nucleation and for a given aspect ratio, the constraint is 
higher with a sharp comer than with a rounded comer. The constraint on plastic flow for the 
particulate reinforced and sphere reinforced composites is much less than for the whisker 
reinforced composites. S.G.Song and N.Shi et al. also studied the particle shape effects on the 
fracture and ductility of a spherical and an angular particulate-reinforced 6061-A1 composite 
containing 20 pet. Vol. AI2O3 [28]. The result shows that the spherical particulate composite 
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exhibited a slightly lower yield strength and work hardening rate but a considerably higher 
ductility than the angular counterpart. Experimental evidence has shown that in some 
composites, voids nucleate preferentially at the sharp comers of ceramic reinforcements [29-
32]. These voids frequently lead to premature failure of the composite. A feasible way to 
improve ductility, therefore, is to use spherical reinforcements to reduce stress concentrations 
and, thereby, bring about a change in the stress and strain distribution throughout the 
composite. 
Lots of research has identified the following general trends associated with MMC 
reinforcement particle fracture [23, 33, 34]. 
(1) The propensity for particle fracture increases with increasing reinforcement 
concentration. 
(2) The propensity for particle fracture increases with increasing overall plastic strain. 
(3) In the same tensile test specimen, larger reinforcement particles fracture more easily 
than smaller ones. 
(4) Regions of the composite with clustered reinforcement particles exhibit a greater 
degree of particle fracture than regions where the local concentration of the particles is 
reduced. 
(5) Cracks within the reinforcement are usually oriented normal to the loading axis for 
uniaxial tension, and parallel to the loading axis for uniaxial compression. 
(6) The tendency for reinforcement failure depends on such factors as the reinforcement 
geometry and shape, matrix and reinforcement composition, interface properties, and 
thermomechanical processing techniques (such as extrusion). 
(7) Defects that are introduced to the reinforcing phase during processing may serve as 
preferential nucleation sites for failure during subsequent mechanical loading. 
(8) The damage introduced in the composite as a consequence of particle fracture can also 
trigger or influence other failure modes. Sharp microcracks that develop as a result of particle 
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fracture can enhance localized ductile plastic flow within the matrix, thereby promoting such 
additional failure mechanisms as ductile separation by void growth or shear banding. 
(9) Experiments show that particle fracture (a) decreases the overall stiffness, flow 
strength, and ductility of the composite, (b) decreases the total life in low-cycle fatigue, and 
(c) increases the apparent crack propagation rates in high-cycle fatigue. 
Considering all different factors it is clear that the fracture process in particle reinforced 
composites is quite complex, and a quantitative understanding is lacking. It is also apparent 
that different composites may be dominated by different fracture processes, but to maximize 
ductility for a particular volume fraction, the composite should have [35, 36]: 
(1) Uniform particle distribution. 
(2) A fine uniform particle size distribution. 
(3) A high interfacial strength. 
(4) Control of particle shape, probably spherical 
(5) A ductile matrix. 
3. Strengthening mechanisms of MMC 
Strengthening mechanisms of composites have been studied extensively in recent years. 
Several mechanisms and models have been suggested to explain the strength of metal matrix 
composites [12, 16, 37-40]. 
(1) Load transfer from the matrix to the particles, i.e., the continuum shear lag model. 
(2) High dislocation densities produced on cooling from high temperatures due to the 
large difference between the coefficient of thermal expansion (ACTE) of the matrix 
and that of the particles. 
(3) Residual elastic stresses also caused by the large difference in the CTE. 
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(4) Internal stress gradients exist across the matrix during loading due to constraints from 
the reinforcements. This constraint induces strengthening to the composites. 
(4) Grain and subgrain strengthening. 
(5) Orowan strengthening. 
(6) Matrix and interfacial strengthening due to solution and precipitation. 
(7) Strengthening arising from constrained plastic flow and triaxiality in the ductile 
matrix owing to the presence of a brittle reinforcement (back stress). 
(8) Work hardening. 
The continuum shear lag model was developed to predict the strength of composites 
originally by Cox [41]. The model centers on the transfer of tensile stress from matrix to a 
fiber by means of interfacial shear stresses. For the aspect ratio typically used in particle 
reinforced MMCs, the continuum shear lag model underestimates the strength. Nardone and 
Prewo have suggested that better agreement is obtained if the equation is modified to allow 
for whisker or fiber end loading effects which give the following equation for strength 
prediction [37]. 
g, - lv,(s + 2)+Vm  (1) 
where s is the aspect ratio of the reinforcement, Ocy and represent the yield strength of 
composite and matrix material respectively. and Vm represent the volume fraction of 
reinforcement and matrix respectively. The theoretical prediction by means of this model is 
closer to the experimental results when the aspect ratio is small. The difficulty with this 
continuum approach is that it ignores the influence of particles on the micromechanics of 
deformation, such as the very high work hardening at low strains, and modifications in 
microstructures, such as grain size and dislocation density [42]. 
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A model to predict the yield strength of a particle-reinforced MMC by considering the 
dislocation density due to mismatch between thermal expansion coefficients (ACTE) of 
particle and matrix was built up by R.J.Arsenault et al [43]. It is proposed that the high 
matrix dislocation density caused by ACTE should account for the observed strengthening, 
where the increase in dislocation density (Ap) due to thermal mismatch is proportional to 
where b is the Burger's vector, G is the thermal misfit strain prior to plastic relaxation, V, of 
the reinforcement volume fraction, and t is the smallest reinforcement dimension. Then the 
yield strength increase of composite compared with unreinforced matrix is 
where a is a constant, which is 1.25 for Al. p, is the shear modulus of the matrix. While 
dislocation density and elastic misfit strengthening models are in agreement with the general 
trends of the strengthening results, they are not sufficiently detailed to account for particle 
size and distribution variations, and how the different microstructural factors interact. For Al-
Cu-Fe quasicrystal reinforcement with a CTE which is close to the CTE of Al matrix, this 
model is not verified also. 
In powder processed composites, the grain size can be extremely small and significantly 
contribute to the strength, whereas in melt processed MMCs the grain size more closely 
approaches unreinforced alloys. Orowan strengthening is not a major factor with the 5|im and 
larger reinforcement particles usually used, but particles of this size can result in quench 
(3) 
17 
hardening and enhanced work hardening because of elastic misfit back stress hardening [38, 
44,45]. Particle shape, in terms of aspect ratio, will influence composite strength, but for the 
typical aspect ratio range of up to 2:1, it is not expected to be a major factor. The 
predominant direct strengthening factor is the volume fraction of reinforcement. Powder 
processed material tends to give somewhat higher strengths than melt processed composites, 
probably because of additional strengthening from oxide dipersoids, and the somewhat finer 
grain size. 
An experiment for measuring direct load transfer from Al matrix to SiC reinforcement was 
done by L.Huan, J.B.Li, et al [46]. They measured the bearing stresses of the aluminum 
matrix in a Si Cp/6061A1 composite by an X-ray stress analysis technique. They showed that 
the actual bearing stresses of the matrix and reinforcement in 20 Vol.% SiCp/6061Al 
composites were 75.9% and 196.6% of the average applied stress and the actual bearing 
stress of the reinforcement was 1.59 times higher than that of the matrix. This load transfer 
from matrix to reinforcements was caused by the significant difference between the elastic 
modulus of the two phases. The neutron diffraction technique is also used more and more in 
load partitioning and internal stress measurement in different kinds of composite materials, 
primarily due to its greater penetration of the testing materials [47-51]. Other resulting 
advantages of neutron diffraction include: the ability to study systems containing heavy 
elements and/or large diameter fibers or particles; the ability to study and separate subsurface 
micro- and macrostress gradients; and the ability to achieve bulk volume averaging in 
samples such as tensile test specimens. Another important aspect is that neutron scattering 
cross sections vary randomly across the periodic table rather than increasing systematically 
with atomic number as do x-ray scattering factors [52]. This means that light elements often 
scatter as strongly as heavy elements. 
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Povirk et al. [53] and Arsenault et al. [54] studied residual stress on the uniaxial response in 
tension and compression of the Al/SiC composites. The results show that the yield strength of 
the composites is asymmetric in terms of tension and compression. The results were 
explained by the effect of the residual stress acting to increase the yield strength in 
compression and reduce the yield strength in tension. Sun et al. [55] studied the residual 
stress in Al/SiC composites by x-ray diffraction and proved that the residual stresses in the 
particulate reinforced composites are hydrostatic by both experiments and mathematical 
analysis. 
The extent of strengthening is also dependent on the matrix alloy microstructure, being 
lowest in over aged material. The studies of C.W.Wong et al. on Al-Cu/SiC MMC showed 
that there are solute rich zones in the near vicinity of SiC particulates and that the nucleation 
of secondary phases was enhanced both at and in the near vicinity of SiC particulates [56]. 
The result of ageing studies revealed accelerated ageing kinetics for the Al-Cu/SiC 
composites. This is caused by the increase in heterogeneous nucleation sites around SiC 
particles where a high dislocation density usually exists due to the large ACTE between Al 
and SiC. A finer SiC particulate size and a higher weight percent of SiC particulates can both 
produce a larger surface area for nucleation of strengthening precipitates in the metallic 
matrix, which leads to accelerate the ageing kinetics [57, 58]. Because of the difficulty of 
controlling the aging condition and microstructures of the metal matrix and the highly 
complex relationships between microstructures and mechanical performance of MMC [17, 
59, 60], the initial stage of this proposed research on Al/QXL composites will use pure Al 
matrix. The choice of pure Al matrix can also avoid the complications of strengthening 
mechanisms from both reinforcement particles and precipitate phases, and thus, separate the 
different effects that will normally be added together. 
19 
4. Interface of MMC 
The ability to achieve any strengthening in a composite is dependent on the ability to transfer 
stress from the matrix to the stronger reinforcing particles. This is dependent on achieving a 
strong interfacial bond between the matrix and the reinforcement. If the interfacial bond is 
weak the interface will fail before any effective stress transfer to the particle can occur, and 
no strengthening is achieved [15]. Not all combinations of reinforcement and matrix are 
compatible with melt phase processing and others cannot be processed by solid state 
processing into commercially useful composites. In some composites, the coupling between 
the reinforcement and the matrix is poor and adhesion promoters are needed. In others, 
excessive interfacial reactivity, especially in liquid phase processing, can lead to a brittle 
layer around the reinforcement. An interface with a metallic bond is more ductile than ionic 
or covalent bonds, and is desirable in metal matrix composites, if possible. 
Several drawbacks of conventional composite materials such as low temperature ductility and 
poor toughness hinder their wide range of application. The causes for the remarkable drop in 
ductility and toughness of such composites are believed to be related to the structure at the 
interface region and the processing factors [8, 21]. The major problems encountered during 
the molten phase fabrication ceramic particle-reinforced aluminum matrix composites are the 
reactivity of ceramics with molten aluminum at higher processing temperatures and the poor 
wettability of ceramics by A1 at lower processing temperature. The reaction between ceramics 
and liquid aluminum during processing can cause significant degradation in the properties of 
the composites [15]. In this dissertation, because the chosen A1 based quasicrystal powder 
can have very good metallic bonding with the aluminum matrix, it provides an excellent basis 
to overcome the chemical and mechanical degradation problem. 
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Depending on the materials and the degree of bonding achieved, the interface can be one of 
two kinds [61]: 
(1) Reversible bond only, generally physical 
There is no chemical interaction between the two materials on either side of the interface. 
There is an attractive force binding the two, due to Van der Waals forces. This "physical 
bond" is established in a reversible manner. The resulting bond energy is relatively low and is 
temperature independent. This type of bond is reversible, since the physical act of separating 
the two surfaces after contact can be made without significant additional energy losses, bond 
strengths being low. Reversibility of bonding at the interface has indeed been observed in 
polymer matrix composites [62] and in Al/SiC bonds formed by deformation and shear in the 
solid state. 
(2) Chemical or metallurgical bonds 
On the basis of sessile drop experiments and experience in metal matrix composites 
processing, it has become clear that in interfaces separating a metal from another material, a 
stronger chemical bond can be established, resulting from chemical interaction across the 
interface. Such bonds generate a work of adhesion (by definition, the energy liberated on their 
formation from two free surfaces) that is temperature dependent. These chemical bonds are 
typically an order of magnitude higher in heat of formation than physical bonds and, 
therefore, have much higher interfacial strength. In practical terms, their importance 
translates into the observation noted above that one of the two methods of improving 
wettability in metal matrix composites solidification processing is to 'add something to the 
fiber or the matrix that will promote reactions between the two'. These are irreversible bonds 
in the sense that once established, they can not be broken without also damaging adjoining 
material on either side of the interface. 
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Microscopic investigations of interfaces are now possible with advanced high resolution 
transmission electron microscopy, and recent results are reviewed by Ruhle and Evans [63]. 
These include recent investigations of metal/oxide interfaces, for which it was shown by 
Mader that oxides produced by internal oxidation display a layer of oxygen anions along their 
low energy facets with the metal matrix [64]. Almost all interface research in the MMC field 
found in the literature was focused on Al/SiC interface composition and structure analysis, 
including both physical and chemical types of interfaces. A similar study about the bonding 
strength and interface microstructure of Al/Al-Cu-Fe quasicrystal has not been reported, 
providing motivation for this aspect of the study. 
5. Al-Cu-Fe quasicrystal and quasicrystal reinforced composites 
The discovery in 1984 of an icosahedral phase in an Al-Mn alloy by Shechtman et al. [65] 
has encouraged an extensive body of theoretical and experimental studies on this family of 
materials with a quasicrystal lattice. This new type of phase with a crystallographically 
forbidden symmetry is characterized as a quasiperiodic crystal or a quasicrystal [66]. Since 
that time, many other alloy systems that form quasicrystalline phases were discovered. A 
thermodynamically stable quasicrystalline phase with sharp Bragg peaks was first reported by 
Tsai et al. in the ternary Al-Cu-Fe system [67]. These stable icosahedral phases can be 
produced by conventional solidification and by melt-quenching, as well as by mechanical 
alloying, and shows sharp Bragg peaks after annealing [68, 69]. 
The Al-Cu-Fe system was first studied in detail by Bradley and Goldschmidt in 1939 [70]. 
They reported that the system included fourteen single-phase areas after slow cooling. The 
icosahedral phase was designated as the Y-phase, close to a composition of AlggCuzsFeiz, and 
was reported to be an unknown phase. Tsai et al. reported that a stable quasicrystalline phase 
was formed in the composition range from 16 to 24 at% Cu and 11 to 17 at% Fe [67]. On the 
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other hand, Baudot et al. established that: (1) additional phases, especially p phase (a cubic 
Al-Cu-Fe solid solution, Al;(Cu,Fe)5 ), formed on quenching, but were eliminated after 
annealing, and (2) the formation of a single i-phase can be obtained after annealing for the 
compositions from Al&iCuziFeu to Al6i.75Cu25.5Fe12.75. For the composition AlozC^s.sFen.s, 
the XRD lines are narrow for a range of annealing temperatures (800'C to 600C). This result 
shows that around this composition there exists a single phase domain where the i-phase is 
perfect and remains stable at 600'C [71]. D.Gratias et al. performed a study of the phase 
diagram of Al-Cu-Fe in the vicinity of the icosahedral phase and showed that this phase 
extends at high temperature (680'C) over a concentration range defined by a narrow triangle 
with vertices 62.4-24.4-13.2, 65-23-12 and 61-28.4-10.6 (respectively in Al, Cu and Fe 
contents) centered around the composition Al62.3Cu24.9Fe12.8 [72]. F.W.Gayle, et al., also 
determined isothermal sections of the Al-Cu-Fe equilibrium phase diagram at 700°C and 
800°C in the region of 50 to 75 at. pet Al and 0 to 25 pet Fe using SEM/EDS techniques [73]. 
The icosahedral phase has equilibrium phase fields with four distinct phases at 700'C and 
720'C (P-Al(Cu, Fe), l-Al^Fe^ w-AlyC^Fe, and liquid) and three phases at 680°C (P, m, 1) 
and 800'C (P, A, and liquid). 
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Fig.3. Isothermal section of Al-Cu-Fe ternary phase diagram at 700"C [73]. 
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S.M.Lee, et al. studied the solidification sequence of the icosahedral quasicrystal forming Al-
Cu-Fe alloys as functions of cooling rate during solidification [74]. For a moderate cooling 
rate regime, the i-phase is formed by a peritectic reaction. For a high cooling rate regime, 
where large undercooling of the liquid is obtainable, the i-phase is formed directly from the 
undercooled melt, without the formation of the primary X (AlisFe^) or P (Al(Cu, Fe)) phases. 
Because the p-phase is always mixed with the i-phase in the as-cast or as-quenched states and 
disappears after annealing at 873 K [71], P.Ochin, et al. investigated the influence of the 
cooling rate on the respective volume fractions of the i- and (3-phases for two compositions 
AlasCuzsFeiz and Al^Cuz^sFen.; in the as-quenched state [75]. It was found that the higher 
the cooling rate, the less the P-phase will grow, and the p/i phase ratio will decrease. So even 
for this stable icosahedral phase, ultrafast cooling from the melt provides the most reliable 
method of preparation by suppressing segregation during cooling through successive high 
temperature transformations. 
It is well known that quasicrystal alloys have very high hardness and high modulus [76, 77]. 
The original metastable quasicrystals were initially prepared by very rapid solidification 
processes, such as melt spinning. Now, experiments show that thermodynamically stable Al-
Cu-Fe quasicrystal powder can be produced by gas atomization and can retain its high 
hardness at elevated temperature [78]. According to the results of a recent microhardness 
test, the Vickers microhardness value of Al^CuzzFe^ quasicrystals particles in a pure Al 
matrix composites is about 890 [79]. U.Koster also reported a Vickers microhardness of 
1000 of the same quasicrystal (QXL) compound in monolithic form [80]. The elastic 
modulus of this quasicrystal material, from a very recent report, is 181 GPa [81]. The Al-Cu-
Fe quasicrystal sample for this elastic modulus measurement was made by hot isostatic 
pressing (HIP) of gas atomized powder and was fully dense. The fully dense QXL sample 
illustrated the capability of local interparticle diffusion and bonding between QXL particles at 
temperatures only slightly above the range used for PRA consolidation. The spherical shape 
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of atomized quasicrystal particles can also improve the ductility of a composite because of 
the relatively low level of strain concentration, compared to fragmented SiC. Therefore, Al-
Cu-Fe quasicrystals, produced by gas atomization, may act as a very good reinforcement 
particulate for Al MMC materials. 
Table 4. Properties of Pure Al, Al-Cu-Fe quasicrystal and SiC. 
Elastic Density Coefficient of 
modulus (g/cnf) thermal expansion 
(GPa) (xlO"* K'i) 
Pure Al 70 2.7 23.6 
Al^sCu^Fe^ 181^ 4.7 14-19^ 
SiC 400-450 3.2 3.8 
Quasicrystals were firstly used as an intrinsic strengthening phase in 1987 when a well-
controlled homogeneous dispersion of nanocrystalline quasicrystals was achieved within an 
aluminium solid solution matrix by a precipitation process in an Al-Li-Cu-Mg alloy [83]. A 
first approach for commercial application as reinforcement was made in 1989 with a new 
type of maraging steel [84], where particles with an icosahedral structure were found to 
precipitate under controlled annealing conditions. A further successful attempt at hardening 
of Al-alloys by such phases with aperiodic structure was reported in 1992 for Al-Mn-Ce 
melt-spun ribbons [85] with tensile strengths exceeding 1 GPa. The microstructure of this 
alloy was characterized by a fine dispersion of spherical quasicrystalline particles, 50 -100 
nm in diameter surrounded by an Al-matrix with a 5-15 nm grain size. Upon the substitution 
of other lanthanides and transition metals for Ce and Mn, respectively, this microstructural 
concept was later extended to other alloy systems such as Al-(V,Cr)-(Fe, Co, Ni) and 
Al-Mn-(Y, La, Nd, Gd) [86, 87]. Since the practical use of melt-spun ribbons for mechanical 
applications is obviously limited, there have been a number of investigations to produce such 
Al-based composites in form of bulk samples. Mainly these attempts were done by powder 
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metallurgical methods, where powders were synthesized by gas atomization or solid state 
reaction and were compacted using hot pressing and/or hot extrusion [87-90]. 
F.Schurack et al. produced a Al matrix composites reinforced by extrinsic Al-Mn-Ce and Al-
Cu-Fe quasicrystal particles. The quasicrystal powders were synthesized by milling of 
elemental powder mixtures or arc-melted prealloys using a planetary ball mill. Large (up to 
10 mm diameter) irregular shape quasicrystal powders were hot extruded with pure Al 
powder to form the bulk sample. Compression tests on the composite samples showed yield 
strength of about 400 MPa, ultimate tensile strength of 565 MPa and a ductility of up to 19% 
fracture strain as optimum mechanical properties [91]. 
6. Powder metallurgy technologies of Al MMC 
A wide variety of fabrication techniques have been explored for metal matrix composites. 
These include powder metallurgy, molten metal methods, semisolid casting, pressure 
infiltration and spray deposition [4, 15, 92]. For molten metal methods, extrinsic ceramic 
particulates have been incorporated into molten matrix alloys, but it had limited success 
because most metals do not wet ceramic particles, and these results in rejection of the 
particles from the melt [93]. In general, molten aluminum does not wet most ceramic 
particles at typical casting temperatures and the molten metal methods attempt to improve 
this wetting behavior [61]. 
The powder metallurgy processing technique is attractive for several reasons [15, 94, 95]. 
This approach offers microstructural control of the phases that is absent from the liquid phase 
route. Powder metallurgy processing employs lower temperatures and, therefore, theoretically 
offers better control of interface reaction kinetics. The powder metallurgy processing 
approach also makes it possible to employ matrix alloy compositions and microstructural 
refinements that are only available via the use of rapidly solidified powders. Because of their 
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basis as a powder, these composites have been deformation processed after powder 
consolidation to develop the best properties. The composites behave in a manner similar to 
new high strength aluminum alloys made by the powder metallurgy technique: i.e. the 
previous particle oxide skins must be broken up by metal working before the true properties 
of the matrix metal and, hence, the composite can be achieved. The most common primary 
breakdown process has been extrusion. Other metal working processes such as rolling, 
forging, shear spinning and swaging have also been demonstrated. The ceramic 
reinforcements give rise to dulling of the machine tools that decreases the machinability of 
these composites. Unfortunately, for current particulate reinforced aluminum (PRA) [24, 25], 
a considerable amount of complexity and cost is added [6] by the need for extensive hot 
deformation of the blended powder compact to mitigate the deleterious effects of the oxide 
coating on the prior particle boundaries of the Al alloy powders. The Al oxide coating on 
most commercially atomized powders is a severe barrier to sintering, especially solid state 
sintering, and unless thoroughly distributed in the microstructure of an Al MMC, it can 
significantly reduce ductility and fatigue strength [6, 96-98]. So ideally, "clean" aluminum 
and quasicrystal powders are needed to circumvent the need for conventional processing 
procedure. The gas atomization reaction synthesis (GARS) technique is a patented method 
invented in Ames Lab [99]. By this method, much less oxidized low cost powders can be 
produced. Because of much lower impurity and oxidation level on the GARS powder surface, 
the composite material produced by GARS powders should have better Al/QXL interface 
bonding and ductility. Previous studies [98, 100-104] give a thorough discussion of the 
results of an extensive study of the surface reactions promoted during the gas atomization 
process. The prior study compared the surface oxide characteristics of different types of gas 
atomized Al powders, especially the differences between physisorbed and chemisorbed 
moisture contents of the oxide, and concluded that the high purity powders from the GARS 
process exhibit far less chemisorbed hydrogen in the oxide coating. In-situ characterization 
of sintering behavior of die pressed commercial pure Al and GARS pure Al powders has 
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been done by electromagnetic acoustic transducer (EMAT) technology recently by J.C.Foley 
et al. [100,105, 106]. The results also shows that the commercial pure Al powder compact 
showed no sintering, but the GARS Al powders showed very significant sintering in the 
500'C furnace with a flowing nitrogen atmosphere. 
Further, the SiC particulate can add a material cost penalty, typically 2 to 4 times the cost of 
the Al alloy powder, and can present an extreme problem for conventional Al recycling 
methods. These disadvantages in processing and material cost and the lack of effective 
recyclability motivate the development of alternatives for both reinforcement materials and 
Al matrix powder processing techniques [6]. 
In the powder metallurgy method, it is important to achieve an initial homogeneous mixture 
of reinforcement and matrix powders. To achieve this, the sizes of the matrix and 
reinforcement powders need to be carefully chosen so that agglomerates are not left after 
blending, and carry over into the final product. The appropriate size ratio will depend on the 
blending process used, but in one case a SiC/Al particle size ratio of 0.7:1 gave a more 
uniform reinforcement distribution than a ratio of 0.3:1 [96]. Size ratio of Al and SiC 
powders has effect on the green strength of CIPped Al/SiC sample, which was shown by 
M.D.Weber and R.J.Fields et al [97]. Samples with size ratio of 0.69 were significantly 
stronger than those with size ratio of 4.8 for a given SiC concentration or relative density. 
Their results also showed that there is a green strength maximum between 10% and 18% SiC, 
which is due to the connectivity of the brittle SiC phase and the formation of a SiC skeletal 
structure when the volume fraction of reinforcement reaches 15% to 17%. The reinforcement 
skeletal structure formation can be explained by percolation theory. 
In a typical powder composite consolidation approach, vacuum hot pressing consolidates the 
composite to over 95% dense and in a near-net shape, and can be carried out below the 
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solidus of the alloy, or in the liquid-solid region. The kinetics of densification are higher 
using liquid phase sintering, but it has the disadvantage that reaction can more readily occur 
between the reinforcement and the liquid phase to form undesirable intermetallics at the 
ceramic particle interface. Liquid phase sintering will also degrade the microstructure of a 
rapidly solidified alloy powder, and generate coarse intermetallic phases typically in the 
melted and resolidified regions. Completely solid state consolidation enables advantage to be 
taken of the supersaturated metastable alloy compositions that can be obtained by the rapid 
solidification atomization and ribbon casting processes [15]. 
Vacuum hot pressing is a form of uniaxial hot pressing which involves radial constraint from 
the die wall, with the radial stress generated at the die wall being proportional to the pressure 
applied via an effective Poisson's ratio u. Only the uniaxial pressure is controlled during 
processing and the shear is nonzero. Unconstrained uniaxial compression (sinter forging) 
produces a large shear component [94]. Ceracon processing, which is a type of quasi-isostatic 
forging developed by Ceracon Inc., involves consolidation of a porous metal perform to 
theoretical density under quasi-isostatic conditions. During processing, a granular ceramic 
medium transfers pressure from an advancing ram of a press to a P/M perform. This process 
differs from true iso-static pressing, in which a fluid medium is used to transfer pressure to 
the powder. Isostatic pressing (granular forge) is a hybrid between hot isostatic pressing and 
uniaxial hot pressing. The difference in the axial and radial stresses introduces a shear level 
between hot isostatic pressing and forging. Thus, there is shear to disrupt packing 
irregularities and interparticle films, but the negative aspect is the anisotropic dimensional 
change. The benefit with dimensional change of uniaxial hot pressing is that the radial 
dimensions are determined by the tooling and only the height strain leads to variation in the 
final height [94]. In order to get good bonding between matrix and reinforcement particles, 
the uniaxial or iso-static pressure used in current composites processing are quite high so that 
some degradation of the reinforcement occurs when it is applied at room temperature before 
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sintering. By choosing quasicrystal reinforcement materials that are more compatible with Al 
matrix, it is possible to improve the reinforcement matrix bonding while decreasing the 
pressure applied during sintering. Lower pressure will be used in vacuum hot pressing 
procedure to produce the Al/quasicrystal composites that shows the same microstructure and 
tensile properties as those consolidated at very high pressure. 
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Abstract 
As an attempt to depart from conventional transient liquid phase sintering practice, solid state 
vacuum sintering was studied in loose powder and in hot quasi-isostatically forged samples 
composed of commercial inert gas atomized (CIGA) or high purity Al powder. The high 
purity Al powder was generated by a gas atomization reaction synthesis (GARS) technique 
that results in spherical powder with a far thinner surface oxide. After vacuum sintering at 
525 C for up to 100 hours, SEM results showed that the GARS Al powder achieved 
significantly advanced sintering stages, compared to the CIGA Al powder. Tensile results 
from the forged samples also showed that although its UTS is lower, 95MPa vs. 147MPa, the 
ductility of the GARS pure Al sample is higher than the CIGA Al sample. Forging also 
consolidated a model powder-based composite system composed of an Al matrix reinforced 
with quasicrystalline Al-Cu-Fe powders, where the same powder synthesis methods were 
compared. Auger surface analysis detected evidence of increased matrix/reinforcement 
interfacial bonding in the composite sample made from GARS powder by alloy inter-
diffusion layer measurements, consistent with earlier tensile property measurements. The 
' Reprinted from Journal of Light Metals, vol. 2-4, 2002, pp. 204 -214, with permission from Elsevier. 
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overall results indicated the significant potential of using Al powders produced with a thin, 
high purity surface oxide for simplifying current Al powder consolidation processing 
methods. 
Keywords: Aluminum; Sintering; Powder metallurgy 
1. INTRODUCTION 
The need for lightweight, high performance engineering materials in automotive, 
transportation, and defense applications has driven development of Al-based powder 
metallurgy (P/M) parts and Al powder processed metal matrix composites (MMC) [1,2]. 
The P/M Al parts are produced conventionally from blends of elemental and pre-alloyed 
powders, e.g., 201 Al and 601A1 (Alcoa designations), that are transient liquid phase sintered 
(TLPS) with properties that compete successfully for modest strength applications, replacing 
heavier Fe-base parts. The transient aspect of this type of sintering reaction refers to the 
tendency for the liquid phase, typically an Al-based eutectic composition containing either 
Cu, Mg, or Si, to begin solid state diffusion into adjacent Al-rich powders soon after its 
initial formation [3]. The microstructural limit on ductility of these materials may be traced 
to agglomeration or "stringers" of oxide shell fragments from the prior Al particle boundaries 
that are not redistributed during the TLPS process [3]. The limitations on strength of these 
TLPS parts can be related to inhomogeneities in the distribution of the liquid phase caused by 
the selection of coarse elemental constituents, for example [4]. There is also the need to 
control part distortion by minimizing liquid fraction [3]. Alternatively, Al-based MMC 
components typically are made from pre-alloyed powders that are blended with ceramic 
particulate, e.g., SiC, and consolidated in the solid state by a complicated series of hot 
compaction and deformation processes [5, 6]. Such MMC components may be tailored to 
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have superior specific strength and stiffness, while providing better thermal and mechanical 
fatigue and creep resistance at higher operating temperatures than those of monolithic, ingot-
processed Al alloys. 
The Al oxide coating on most commercially atomized Al and Al alloy powders essentially 
dictates the acceptable consolidation processing techniques and properties that are described 
above. In general, the oxide "shell" is a severe barrier to solid state sintering and, to some 
extent, can limit the alloy homogenization kinetics of transient liquid phase sintered Al-based 
parts. In fact, the Al oxide coating on most Al and Al alloy powders delays the solid state 
sintering of die pressed parts to such an extent that it renders solid state sintering impractical. 
This problem forced the development of the current transient liquid phase sintering approach 
for Al P/M parts. In turn, the TLPS process immediately imposed increased process 
temperature control and dimensional tolerance challenges on producers of these parts (see 
above). Minor Al P/M part distortion typically is overcome by repressing or coining 
operations [3]. These complexities can be compared to the relatively simple processing of 
Fe-based P/M parts that use solid state sintering and have very predictable shrinkage [7]. In 
current practice for Al-based MMC processing, the residual Al oxide coating fragments can 
significantly reduce ductility and fatigue strength [8] unless thoroughly distributed in the 
microstructure. A considerable amount of complexity is added [8] by the need for extensive 
hot deformation and interparticle shear during consolidation processing of particulate 
reinforced aluminum (PRA) composites [5, 6], to disperse the residual oxide stringers that 
can decorate the prior particle boundaries of the Al alloy powders. These disadvantages in 
processing control and complexity of both classes of Al powder processed materials 
motivated the development of an alternative Al and Al alloy powder synthesis technique [8], 
focusing on modification of the inert gas atomization process, a versatile, high volume 
production process. 
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A previous paper [9] gives a thorough discussion of the results of an extensive study of the 
surface reactions promoted during a gas atomization process. The prior study compared the 
surface oxide characteristics of different types of gas atomized A1 powders, especially the 
differences between physisorbed and chemisorbed moisture contents of the oxide, and 
concluded that the high purity powders from the GARS process exhibit far less chemisorbed 
hydrogen in the oxide coating. The near-complete lack of chemisorbed hydrogen on the 
surface of the GARS A1 powder was attributed, in part, to the capability to essentially 
eliminate residual moisture from the atomization spray process chamber by vacuum pumping 
and inert gas exchange prior to atomization. This capability compares to the common 
practice of inert gas purging of the spray chamber and a reliance on in-process powder 
"gettering" of the atmosphere contaminants in the spray chamber during commercial "inert" 
gas atomization (CIGA). Also, during a typical CIGA process [10, 11], a small percentage of 
oxygen (1-2%) is added to the inert atomization gas to promote oxidation of the A1 powder 
surfaces. The other commercial powder involved in the previous study was atomized with a 
reducing "flue" gas but incorporated the introduction of ambient air in the immediate zone of 
the atomization nozzle for promoting oxidation and for powder transport out of the spray 
chamber. This powder was termed "commercial air atomized" (CAA) and was characterized 
by the highest content of chemisorbed hydrogen on the powder surfaces [9]. 
Both the CIGA and CAA powders are exposed purposefully to oxygen or air to provide an 
oxide passivation layer to minimize explosion hazards [11], although such A1 powder is 
generally classified by the US Bureau of Mines in a "severe" explosibility hazard class [12]. 
Surprisingly, multiple tests of the minimum explosive concentration (MEC) of numerous 
batches of GARS A1 powder at a commercial laboratory (Alcoa, New Kensington, PA) 
concluded that this new process produced "cleaner" A1 powder with a reduced explosivity 
rating [9]. One batch of GARS A1 powder was also subject to the complete battery of 
explosibility tests, MEC and 5 others [13], by an industrial collaborator at an independent 
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testing laboratory, Chatsworth Technology Limited in Southhampton, U.K., which 
documented a significant reduction in the hazard class of this new type of A1 powder [13]. 
Apparently some characteristic of the thin, high purity oxide film on GARS Ai powder is 
responsible for this improvement in powder handling safety, but its mechanism has remained 
unstudied, at this time. 
Of direct relevance for the current work was the characterization of surface oxide thickness 
on the three types of A1 powders in the previous study. Auger and TEM measurements [9] of 
the powder surface coatings indicated that the high purity GARS A1 powder has an oxide 
thickness of about 5nm, compared to about 12-16nm for the CIGA and CAA powders. As a 
direct implication of the surface oxide thickness differences, a further study [14] was 
performed to compare the differences in sintering kinetics that were expected. Uniaxial die 
pressed cylinders with a green density of about 95% were made from CAA and GARS A1 
powder (dia. < 45pm) and were sintered in a purged nitrogen atmosphere while monitoring 
the sintering process with an electromagnetically-coupled acoustic transducer (EMAT). The 
EMAT study [14] concluded that a sintering temperature of only 500°C for 3 hrs. would 
promote sintering that was readily detectable in the GARS Al, while the CAA powder 
compacts did not sinter effectively at those conditions. However, sintering at 550°C 
promoted effective sintering in compacts made from both Al powder types [14]. 
Thus, we chose an intermediate temperature of 525°C for the current study that involves the 
sintering of tap densified GARS and CIGA Al powders to compare the more ideal situation 
of interparticle bonding from point contacts in high vacuum. The GARS process provided 
powder with a "thin" surface oxide test condition and the CIGA process provided powder 
with a "thick" surface oxide. This test of relative sintering activity from point contacts 
avoids the complications from powder surface oxides that are mechanically deformed and 
possibly cracked during die pressing, exposing fresh Al surface in the fissures for unimpeded 
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sintering. Interestingly, this point contact sintering study is also a simplified simulation of 
the final sintering reaction in a metal injection molded part that may be made eventually from 
Al powders. The use of vacuum sintering also removes the possibility of any competing 
powder surface reactions with a selected sintering atmosphere, e.g., nitrogen [15], which may 
promote sintering. Actually, vacuum sintering of Al parts in "continuously operated 
furnaces" has also been mentioned as an "important and interesting alternative" to nitrogen 
sintering in an industrial publication [3], as well. The results from another type of sintering 
situation will also be reported to compare the relative interparticle diffusion of alloying 
elements in a simplified MMC microstructure consisting of an Al matrix reinforced with Al-
Cu-Fe alloy particulate, where either GARS or CIGA Al powders were used for the matrix. 
Also, either GARS or CIGA powders of the quasicrystalline Al-Cu-Fe alloy were used for 
the hard reinforcement particulate. In this test, a small amount of interparticle shear is 
introduced from quasi-isostatic hot (550°C) forging to full density. It is anticipated that 
interparticle bonding will be encouraged by the nearly-isotropic deformation of the particles 
at this high temperature, but the effects of the oxides on the prior particle boundaries can still 
be studied. Actually, only the interdiffusion effects in the composite microstructures will be 
reported, herein. However, the effects of prior particle boundary oxides on the mechanical 
properties of the isolated matrix microstructures will also be reported after consolidation of 
the same Al powder types by the same process steps. 
2. EXPERIMENT PROCEDURE 
A. Powder Materials 
Commercial inert gas atomization (CIGA) processed Al powders were obtained from an 
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outside vendor. The CIGA Al powder had been evaluated thoroughly in earlier work [11] to 
characterize the surface oxide properties and its nominal purity is 99.7%. A different outside 
vendor supplied a batch of Al-Cu-Fe quasicrystal (QXL) alloy powder, also produced by 
CIGA, with the same nominal purity. A patented [17] gas atomization reaction synthesis 
(GARS) technique was used to produce 99.99% pure Al and Al^sCuzsFe^ quasicrystal 
powders in the Ames Laboratory with atomization parameters provided previously [16]. The 
bulk chemical elements in as-atomized CIGA and GARS Al powders were also measured 
previously and are shown in Table 1 [16]. The as-atomized size yield of the GARS powders 
and the as-received CIGA powders were air classified to less than 10 |im. The size 
distributions were measured by a laser diffraction method and are given in Figs. 1 and 2. As 
shown in Fig. 1, there are relatively more fine particles in the CIGA Al powder than in the 
GARS Al powder. The quasicrystal powders also had slight differences in their size 
distributions, given in Fig. 2, which will be described below. 
B. Pure Al Powder Sintering 
Pure Al vacuum sintering experiments were done as following: first about one gram of fine 
Al powder, either CIGA or high purity GARS, was placed loosely into a small high purity, 
hard-fired alumina mold and hand tapped to settle any excess voids. Each mold was placed 
in a vacuum furnace which was evacuated slowly to 10"^ torr and heated to 525 C. Samples 
were held at this temperature for 24, 48, 72, or 100 hours. The sintering temperature was 
monitored by a thermocouple whose measuring junction was put just above the Al powder in 
the alumina mold. After sintering was completed, each mold was removed and carefully 
inverted on a clean surface, where the powder or sintered form fell out of the mold and was 
recorded in a macroscopic optical picture with a digital camera. 
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Table 1. Bulk powder chemical elements measurement of as-atomized pure aluminum 
Element Al Si Fe Mg Cu c O N 
(wt. %) (wt. %) (wt. %) (wt. %) (ppmw) (ppmw) (ppmw) 
GARS Balance 0.013 0.011 0.0002 <0.02 37 598 1 
CIGA Balance 0.11 0.17 <0.004 <0.005 84 5446 52 
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Figure 1. Size distribution of pure Al powders (a) CIGA Al powder (b) GARS Al powder. 
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Figure 2. Size distribution of Al-Cu-Fe quasicrystal powders (a) CIGA QXL powder (b) 
GARS QXL powder. 
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C. Pure Al and Composite Materials Consolidation 
Table 2 shows the nomenclature used for fully densified Al and Al/QXL composite samples. 
After air classification to dia. < 10pm, the quasicrystal powders were screened with a 20pm 
sieve to eliminate any residual large particles. Thus, the size distributions of the quasicrystal 
powders, given in Fig. 2, appear shifted to smaller sizes than that of the Al powders in Fig. 1. 
Previous work on a similar type of composite system [18] indicated that a minor population 
of larger QXL reinforcement particles promoted premature failure of the composite 
microstructure. Thus, the additional screening was performed to eliminate the residual 
oversize particles that are typical of the air classification process that was used. For both 
CIGA and GARS quasicrystal powders, 90% (cumulative volume fraction) of the 
quasicrystal powders size were less than 10pm and 100% of the quasicrystal powders size 
were less than 15 pm, as shown in Fig. 2. 
Table 2. Powders used for pure Al matrix composite samples. 
Sample name Powders used 
AF CIGA Al powder (<10pm) 
GF GARS Al powder (< 10pm) 
AFF CIGA Al powder (<10pm) 
+ CIGA quasicrystal powder ( clOpm) 
GFF GARS Al powder (< 10pm) 
+ GARS quasicrystal powder (clOpm) 
For consolidation of the pure Al/QXL composite material, Al and quasicrystal powders were 
blended homogeneously by a high energy dynamic blending technology (HEDBT), a 
proprietary technique practiced by Ceracon, Inc. of Riverbank, CA. The volumetric loading 
of quasicrystal powders in both AFF and GFF samples was 30%. Each blended powder 
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sample was loaded into a cylindrical elastomeric mold and cold isostatic pressed (CIP) with a 
pressure of 200MPa, which was intended to produce a green density of 93% [19], based on 
the compressibility of pure Al powder. The green samples from CIP were forged, as 
described in Table 3, with a quasi-isostatic forging procedure by Ceracon. Pure Al samples 
were consolidated by the same CIP and forging procedures. The dimensions of the resulting 
pure Al and Al/QXL composite bars from forging were flattened to about 5.5 cm by 2.5 cm 
by 1 cm. 
Table 3. Quasi-isostatic forging procedure. 
Pre-heat 
Atmosphere 
Forge Temp. Soak at Temp. Forge 
Pressure 
Dwell at 
Pressure 
99.999% Argon 550 C 10 min 635 MPa 5 second 
D. Other tests 
The Archimedes technique was used to measure the density of each sample. The elastic 
modulus and density distribution of each sample was measured by an ultrasonic method. 
Tensile tests of consolidated pure Al and AL/QXL composites were performed on an Instron 
model 1125 tensile test machine under 1.27 mm per minute monotonie loading. Tensile 
sample dimensions were in 6.35 mm in diameter and 25.4 mm in uniform gauge length, 
according to ASTM recommendations [20]. The forged Al samples were polished and 
etched by Kroll's solution (1-3 vol.% HP, 2-6 vol.% HNO3 and rest H2O), and were 
observed on an AMRAY 1845 field emission scanning electron microscope (FE-SEM). 
Fractography of pure Al tensile samples also was performed on the FE-SEM. Average grain 
sizes of AF and GF elemental Al samples were measured by orientation imaging microscopy 
(OIM) on the FE-SEM. The grain aspect ratio of AF and GF samples were measured on two 
randomly chosen areas. The chemical compositions at the interface of Al matrix and 
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quasicrystal particles in AFF and GFF composite materials were measured with a JAMP-
7830F field emission Auger microprobe. The probe size of 25 nm was used for Auger 
measurement. 
3. RESULTS 
A. Vacuum Sintering of Pure Al Powders 
Fig. 3 shows a comparison of Al powder samples that were heated in vacuum at 525°C. As 
shown in Fig. 3 a, the as-exposed CIGA Al sample poured out of the mold as loose powder 
particles after up to72 hours of attempted sintering. Only after 100 hours of exposure to 
525°C did the CIGA Al show the fragile shape retention that indicates the early stages of 
sintering. In contrast, the as-exposed, high purity GARS Al sample in Fig. 3c exhibited 
fragile shape retention after only 24 hours of sintering. After progressively longer sintering 
times, 48, 72, and 100 hrs., the sintered shape gained noticeable strength and began to exhibit 
shrinkage, Fig. 3f, as there was a noticeably loose At of the sintered sample in the mold. 
S EM micrographs in Fig. 4 and 5 further compare the interparticle bonding of the two kinds 
of Al powder samples after selected sintering times. The CIGA Al powders in Fig. 4a 
showed essentially a complete lack of sintering, with no observable sintered neck formation, 
even between the finest particles. On the other hand, the GARS Al powders showed well-
developed, large radius sintering necks between large and small powders in Fig. 4b. The 
representative micrograph of the CIGA sample in Fig. 5a shows that early-stage, sharp radius 
sintering necks (see lower right comer of micrograph) finally began to form between the 
particles after 100 hr. of exposure to 525°C. For the same sintering time in the GARS Al 
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sample of Fig 5b, sintered neck formation looks very extensive and some particle 
coalescence has begun. 
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Figure 3. Micrographs of as received pure Al sintering samples vacuum sintered at 525°C. 
The "AACP" label on (a) and (b) is equivalent to the CIGA Al powder designation in the 
text. 
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(b) 
Figure 4. SEM pictures of the powders vacuum sintered at 525°C for 72 hours 
(a) CIGA Al powder (b) GARS Al powder. 
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(b) 
Figure 5. SEM pictures of the powders vacuum sintered at 525°C for 100 hours, 
(a) CIGA Al powder (b) GARS Al powder. 
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B. General microstructures of pure Al forcing samples 
The general microstructures of AF and GF Al samples after consolidation are shown in Fig. 
6, where a mild etching has enhanced the light contrast of the prior particle boundary regions 
of both samples. The measured density in Table 4 shows that the samples are fully dense. 
The average grain sizes measured by OIM in the SEM indicate that the grains in both 
samples are still relatively small after the hot forging process, as Table 4 indicates. Also, the 
grain size retains the same size ranking of the original Al powders, while displaying a 
slightly smaller grain size than the average particle diameter of each powder particle size 
distribution in Fig. 1. While the as-atomized powders probably were not single crystals [21], 
the Al grains did not appear to grow beyond the original particle boundaries because of the 
remnants of surface oxide that remain, even in the GARS Al sample in Fig. 6b. 
It is also somewhat apparent, especially in Fig. 6b, that the grains have a minor elongation 
which is normal to the forging direction (horizontal in the micrographs of Fig. 6). Although 
this grain elongation may cause some anisotropy of the tensile properties, the small 
dimensions of the forged samples permitted only longitudinal tensile sample fabrication. 
Computer-aided quantitative metallography also provided a measurement of the grain aspect 
ratio of both AF and GF samples, as shown in Table 5, which is very consistent in terms of 
both average values and standard deviation. 
Table 4. Summary of density and grain size measurement of AF and GF pure Al sample. 
Sample Measured density (g/cnf) Average grain size (pm) 
AF 2.7 4.3 
GF 2.7 6.2 
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(b) 
Figure 6. Microstructures of (a) AF sample and (b) GF sample. 
Table 5. Measurement of grain aspect ratio of AF and GF pure Al sample. 
Sample Average aspect ratio Standard deviation 
AF 1.69 0.48 
GF 1.68 0.51 
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C. Tensile properties of pure Al samples 
An example of the tensile test behavior of the AF and GF Al samples is given in Fig. 7. A 
summary of tensile property measurements of the samples is shown in Table 6. The ultimate 
tensile strength (UTS) of the AF samples, 145 MPa, is much higher than that of the GF 
samples, 95 MPa. The 0.2% offset yield strength, O0.2. of the AF samples is also 35 MPa 
higher than that of the GF samples, as indicated in Table 6. Both the UTS and yield strength 
increases in the AF samples may be helped by some impurity-induced solid solution 
strengthening and/or precipitation hardening within the AF sample grains. In addition, the 
reduced grain size of the AF samples may also provide an increment of Hall-Petch 
strengthening (see flow stress results below). In contrast to the strength results, the tensile 
ductility of the AF samples is significantly lower than GF samples, when comparing both the 
reduction of area and the strain at the UTS point and the fracture strain. At the beginning 
stage of the tensile test, i.e., lower than about 0.1% strain, the stress-strain curves of the AF 
and GF samples are overlapped in the elastic region. But later, the AF sample shows a higher 
work hardening tendency than the GF sample, where the strain at UTS of AF, 6.3%, is about 
6% lower than that of GF, for the samples in Fig. 7. 
The fractography of AF and GF failed tensile samples are shown in Fig. 8. The fracture 
surface of AF shows much more fine detail, resembling small dimples, which may be caused 
by a combination of ductile failure of sintered regions and brittle failure of the many prior 
particle boundary regions. The fracture surface of GF is composed of relatively large-scale 
ductile shear lips, common for a high purity fee metal and indicative of generally effective 
sintering of adjacent grains. 
The flow stresses of AF and GF tensile samples at several different strain levels are 
compared in Fig. 9 to the Hall-Petch predictions from the tensile data on large-grained, high 
59 
purity AI samples from reference [22]. The comparison indicates that flow stresses of the GF 
samples are very consistent with linear extrapolations of the data from the former study. 
Apparently, a Hall-Petch relationship that uses the measured grain size in Table 4 as the 
dislocation barrier spacing works quite well for predicting the flow stress of the GF sample. 
Unfortunately, the measured flow stresses of the AF sample fell well above the predicted 
level for two of the same strain levels, as indicated by the arrows in Fig. 9. This behavior 
may indicate that the dislocation barrier spacing for the AF sample is considerably closer 
than the grain size measurement in Table 4, perhaps because of a higher impurity 
concentration within the Al grains. 
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Figure 7. Tensile stress-strain curves of (a) AF sample and (b) GF sample. 
Table 6. Tensile properties of AF and GF samples. 
Sample UTS (MPa) 
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Figure 8. Fracture surfaces of (a) AF tensile sample, and (b) GF tensile sample. 
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Figure 9. Flow stresses of AF and GF samples at different strain levels compared with high 
purity Al tensile data in reference [16] and Hall-Petch prediction. 
D. Auper measurement on the interface of Al-Cu-Fe quasicrystal reinforcement particles and 
pure Al matrix 
The general appearances of the microstructures of AFF and GFF composites after 
consolidation are shown in Fig. 10. A fairly uniform distribution of the spherical quasicrystal 
reinforcement in the composites can be seen from the figures. There are relatively more One 
QXL particles in GFF than in AFF, which can be also seen from the micrographs. As Table 7 
indicates, the samples are essentially fully dense compared with the theoretical density. 
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Figure 10. Microstructures of (a) AFF sample and (b) GFF sample. 
Table 7. Summary of density measurements of AFF and GFF composite samples. 
Sample Measured density (g/cm^) Theoretical density (g/cnf) 
AFF 3.28 3.3 
GFF 3.28 
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The fracture surfaces of AFP and GFF tensile samples look very similar, as shown in Fig. 11. 
Generally, comparative SEM fractography of both mirror halves of the fracture surfaces of 
the tensile samples shows that all QXL reinforcement particles on the fracture surface were 
broken and that no particle pull-out appeared. All of the samples displayed a mixed fracture 
mechanism that combined effects from the matrix and reinforcement. Ductile tearing ridges 
and micro-dimples appear in the Al matrix area around prior Al particles, most noticeably in 
the AFF sample. Fracture occurred by brittle cleavage across the quasicrystal particles, which 
seem to have a very fine microstructure that modulates the cleavage fracture path. 
In the high magnification SEM micrographs of Fig. 12, the interface region is shown between 
a spherical quasicrystal particle and the Al matrix in polished cross-sections of both the AFF 
and GFF samples that had been lightly etched. Typical Auger results of the Al, Cu, Fe and O 
levels at the interface regions, shown in Fig. 12, are given in Fig. 13. After several Auger 
measurements on both kinds of samples, the following phenomenon can be observed: first, 
the relative concentration of oxygen at the Al/QXL interfaces of the GFF sample is much 
lower than that of the AFF samples. Second, it was found that after the Fe concentration 
drops to zero at the interface location, the Cu concentration reaches out from the QXL 
particle and drops to zero at a detectable displacement away from the interface in both AFF 
and GFF samples. This measurement indicates that a diffused layer of Cu extends into the Al 
matrix beyond the interface area which is more significant in the GFF sample than in the 
AFF sample. 
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(b) 
Figure 11. Fracture surfaces of (a) AFF tensile sample, and (b) GFF tensile sample. 
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(a) (b) 
Figure 12. SEM micrographs of the interface area of Al/QXL in (a) AFF sample (b) GFF 
sample. 
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Figure 13. Auger line scan of Al, Cu, Fe at the interface of Al matrix and on QXL particle 
(a) Al and O scan on AFF sample, 
(b) Cu and Fe scan on AFF sample, 
(c) Al and O scan on GFF sample, 
(d) Cu and Fe scan on GFF sample. 
4. DISCUSSION 
Results of the vacuum sintering experiments indicate that CIGA Al powder needs about 3 
times more exposure to 525°C to develop sintering necks with some detectable strength, 
compared to GARS Al powder. The large difference in the sintering kinetics between these 
two kinds of Al powders can be directly related to there surface composition, especially 
oxide thickness. As previously mentioned, extensive studies on the surface chemistry were 
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performed [9], where the average oxide thickness measurements of GARS Al, 5nm, and 
CIGA Al powders, 16nm, were obtained from Auger depth profiling measurements and 
TEM. The bulk oxygen content of the aluminum powders determined by an inert gas fusion 
(IGF) technique also showed that the GARS Al powder has only 800 ± 50 ppmw oxygen, 
while the CIGA powder has 2600 ± 80 ppmw oxygen as a contaminant. Quadrapole mass 
spectrometry (QMS) measurements on the quantity of physisorbed and chemisorbed water on 
the powder surfaces showed that the GARS Al powders have far less chemisorbed water 
incorporated into the oxide Aim than the CIGA Al powders. The QMS measurements also 
verified that the chemisorbed water cannot be removed by vacuum heating until a 
temperature of about 550°C is reached. The high temperature stability of the chemisorbed 
hydrogen implies that it can be detrimental to powder sintering, even if vacuum degassing of 
Al powder compacts with open porosity is conducted at a lower temperature for extended 
time periods. As previously mentioned, in-situ characterization of the sintering behavior of 
die pressed (94% dense) CIGA Al and GARS Al powders has been done by electromagnetic 
acoustic transducer (EMAT) technology recently by J.C.Foley et al. [14]. The results 
indicated that the commercial Al powder compact did not sinter, but the GARS Al powder 
compact showed very significant sintering in a 500°C furnace with a nitrogen purged 
atmosphere. 
Figure 14 provides additional microstructural perspective of sintering development between 
tap densified loose GARS Al powders after 100 hours of vacuum sintering at 525 C. Well-
developed necks apparently have formed extensively between the fine Al particles, as Fig. 14 
reveals. According to a description of the geometric changes that occur during solid state 
sintering of spherical powders by R.M.German, there are roughly three sintering stages, 
beginning from a point contact condition in tap-densified loose powders [23]. The initial 
stage of sintering is characterized by the growth of the sinter bond from initial loose powder 
contacts as shown in fig. 15 (b). In the initial stage of sintering, the sintering necks have a 
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Figure 14. Cross section view of 100 hours vacuum sintering GF sample at 525 C. 
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I (a) Initial point contact 
% (b) Early stage neck growth 
(c) Late stage neck growth 
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Figure 15. Two sphere point contact sintering model [18]. 
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small diameter relative to the particle diameter and grow independent of one another. The 
initial stage ends when the necks begin to impinge at a neck size ratio of approximately 0.3, 
where the intermediate stage of sintering begins, as shown in Êg. 15 (c). Although porosity is 
still very high and some independently growing necks still appear in the GARS A1 powder 
sample shown in Fig. 14, many sintering necks have progressed beyond of initial stage and 
clearly into the intermediate stage. These experiments suggest that A1 powders produced 
with a thin, high purity surface oxide, e.g., the GARS A1 powder of this study, may provide 
an opportunity for consolidation processing by binder-assisted injection molding and solid 
state sintering with the proper size distribution and binder selections. The binder selection 
and development of a debinding cycle that may be used for MIM processing of GARS A1 
must, of course, be designed to minimize any negative impact on the powder surface 
chemistry. 
It should be noted that some difficulty is involved in quantitative evaluation of loose powder 
sintering by microstructural analysis of the neck/particle diameter ratio, especially for fine 
spherical powders that may have as-atomized particle agglomerates. Thus, sintering 
experiments have been started that rely on measurements of the change in total surface area 
of the A1 powder samples by a BET technique, as a function of vacuum sintering time and 
temperature, including 525°C. The BET results will give us a more quantitative comparison 
of the sintering kinetics of both CIGA and GARS powders and a determination of the 
activation energy for sintering. In order to form the sintering neck between two loosely 
contacted A1 powders, Al must diffuse through the oxide that exists on both powder surfaces. 
Any differences in sintering kinetics and activation energy between the two kinds of powders 
can be explained primarily by the differences in their surface oxide thickness. An analysis of 
the future sintering kinetics results will attempt to model these differences. 
The tensile test results and fractography evaluation of the fully densified AF and GF samples 
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revealed some significant differences in strength and ductility that need to be pursued further 
by detailed microstructural analysis. While the Hall-Petch relationship fits the apparent grain 
size of the GF sample, the dislocation barrier spacing of the AF sample is much finer in scale 
than the apparent grain size. For this reason, TEM analysis has been initiated that will 
compare the microstructures at high spatial resolution. The TEM analysis will utilize 
convergent beam electron diffraction and energy dispersive spectroscopy capabilities to 
determine any differences in precipitate phases or soluble impurity concentrations. An 
opportunity also exists in the new TEM work to compare the grain size evolution of fully 
densified samples at various sintering times and temperatures. The potential for 
simplification of Al P/M part fabrication by direct powder forging of CIP compacts or by 
die-pressing and solid state sintering of Al and A1 alloy powders produced with a thin, high 
purity surface oxide appears promising. In fact, some recent work [24] with direct powder 
hot extrusion of Al-Fe-Ce alloy powder made by the GARS method, supports the prospects 
for significant reduction of the processing steps required for high performance Al alloy bars 
and mill shapes, compared to that required for such mill shapes made from CIGA or CAA 
powders. 
In a further analysis of interdiffusion in the fully densified GFF and AFF composite samples, 
Fig. 13 (b) shows that the Cu and Fe compositions in the Al/QXL interface area of the AFF 
sample drop to zero at nearly the same measurement distance. In contrast, Fig. 13 (d) 
indicates that the Cu level drops to zero about 0.2 pim beyond the Fe zero point in the GFF 
sample. From the reference [25], the impurity diffusion coefficient of Cu in fcc-Al at 550°C, 
Dc, is 1.4 xlO ^ / a, if we assume that there is a "clean" interface between Al matrix and 
QXL particles without any oxide layer to resist Cu diffusion. After the sample was heated at 
550°C for 10 minutes of forging processing, the Cu diffusion distance is predicted to 
correspond to: 
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% = = Vl.4xlO /j'XôOO^ = 9.17/6%. (1) 
We can also calculate the actual diffusion coefficient of Cu, across the Al/QXL interface 
by using the experimental Cu diffusion distance of 0.2 |im. 
From comparison of the above calculations, it is shown that the experimental diffusion 
distance of Cu is much lower than the ideal diffusion distance value andD^ « , 
assuming a readily available source of Cu. However, the reason for the extremely small 
interdiffusion of Cu and Fe into the fcc-Al may be due, in part, to the effect of the unusually 
low diffusion coefficients of these and other alloy constituents, e.g., Fe, Co, and Ni, in Al-
based QXL phases [26, 27]. While Cu diffusion is not specifically included in the previous 
results, the diffusion coefficient for Fe in two similar Al-based quasicrystalline phases ranges 
from 10 ^ to 10"^ at 800°K [26, 27], in good agreement with the experimental estimate of 
10 While small in extent, a finite amount of Cu appears to have diffused into the Al 
matrix (most apparent in the GFF sample) and dissolved into solution near the interface, 
presumably increasing the bond strength between QXL reinforcement particles and the Al 
matrix. Good bonding can provide a better load transfer from matrix to reinforcement 
particles and, hence, increase the yield strength and tensile strength, especially for the GFF 
sample. 
The difference between the Cu diffusion distance in GFF and AFF samples can also be 
explained by the difference of relative concentration of oxygen in the QXL/A1 interface of 
these two kinds of samples which is caused by the different powders used in P/M processing. 
Fig. 12 shows two SEM micrographs of the interface areas in AFF and GFF samples 
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respectively. In the AFF sample of Fig. 12a, a very obvious oxide and impurity layer can be 
seen around the Al/QXL interface. The Auger scan across this interface, in Fig. 13a, gives a 
relatively high oxygen peak at the interface position. In the SEM micrograph of the GFF 
sample, all the interface areas appear like Fig. 12 (b), without apparent charging from a heavy 
oxide layer, thus it gives a much lower oxygen peak during the Auger scan, in Fig. 13c. For 
this GFF sample, the powders used are produced by the GARS technique that can result in a 
relatively "clean" surface on the powders [9, 28, 29]. For the AFF sample, the Al and QXL 
powders used in the experiment were produced by the CIGA method. Although the 
atomization spray chamber in the CIGA technique may be partially dried by inert gas purging 
prior to the start of the process, water has been reported to be chemisorbed into the oxide 
film, forming aluminum hydroxides, as well as being physisorbed on to the powder surfaces 
[30]. The excessive oxide coating on commercial purity Al powder may resist the diffusion 
of the Cu and Fe elements in the interface and, hence, partially degrade the interface bonding 
between the matrix and the QXL particles. It may also have an effect on the bonding between 
Al/Al matrix particles, because of the need for interparticle diffusion during the solid state 
sintering. 
Thus, although the AF matrix contributes higher yield strength for the combined strength of 
the AFF composite material, the relatively weak interface may induce premature composite 
failure at lower UTS. The UTS and yield strength of AFF sample are 310MPa and 265MPa, 
respectively. The UTS and yield strength of GFF sample are 304MPa and 227MPa, 
respectively. The percentage increase of UTS (220%) and yield strength (328%) of the GFF 
sample are much higher than those of the AFF sample (201% and 111% for UTS and Y.S., 
respectively) [31]. All of the above experimental results show that GARS powders can 
promote enhanced solid state sintering and better bonding strength between matrix and 
reinforcement particles during composite material consolidation, compared to commercial 
gas atomized powders. This may provide advantages for GARS powders over CIGA 
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powders in Al matrix MMC consolidation processes because many complex procedures, such 
as canning, hot degassing and hot extrusion, may be eliminated by using Al powders 
produced with such a thin, high purity surface oxide. 
5. CONCLUSIONS 
Solid state vacuum sintering was studied in tap densified powder and in hot quasi-
isostatically forged samples composed of commercial inert gas atomized or high purity Al 
powder, generated by a gas atomization reaction synthesis technique. The GARS process 
results in spherical Al powder with a far thinner surface oxide. After vacuum sintering at 
525 C for up to 100 hours, S EM results show that the GARS Al powder achieved 
significantly advanced sintering stages, compared to the CIGA Al powder. Tensile results 
from the forged samples also show that although its UTS is lower, 95MPa vs. 147MPa, the 
ductility of the GARS pure Al sample is higher than that of the CIGA Al sample. Forging 
also consolidated a model powder-based composite system composed of an Al matrix 
reinforced with quasicrystalline Al-Cu-Fe powders, where the same powder synthesis 
methods were compared. Auger surface analysis detected evidence of increased 
matrix/reinforcement interfacial bonding in the composite sample made from GARS powder 
by alloy inter-diffusion layer measurements, consistent with earlier tensile property 
measurements. The overall results indicate the enhanced ability of GARS-processed Al and 
Al alloy powders for solid state sintering, which may lead to simplification of current Al 
powder consolidation processing methods. 
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Al-Cu-Fe alloy particles 
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Abstract 
A new type of composite material was produced from elemental Al matrix powders and 30 
vol.% Al-Cu-Fe quasicrystal particles by a powder metallurgy technique. S EM examination 
shows that reinforcement particle cracking perpendicular to the loading axis is the dominant 
failure mechanism for the composites. Because of the fine (dia. <10 pm) matrix and 
reinforcement particle sizes that match closely and a homogenous spatial distribution, the 
UTS and yield strength of this model composite material were improved over the matrix 
properties by 111% and 220%, respectively, for the commercial purity composite sample. 
Remarkably, the UTS and yield strength of the composite were improved over the matrix 
properties by 201% and 328%, respectively, for a high purity version of the composite 
material. The elastic modulus of the composite, in both versions, is very close to the 
theoretical upper bound value from the rule of mixtures estimation. This highly effective 
composite strengthening is also consistent with the good interface bonding between the 
spherical reinforcement particles and Al matrix that was revealed by fracture surface 
' Reprinted from Materials Science and Engineering A, vol. 363, no. 1-2, pp.20-29, with permission from 
Elsevier. 
80 
examination. Diffusion layer measurements at the Al/reinforcement interface by an Auger 
method verified the good bonding condition, as well. 
Keywords: Metal matrix composites; Powder metallurgy; Tensile property. 
1. INTRODUCTION 
The need for advanced engineering materials in the areas of aerospace and automotive 
industries had led to a rapid development of metal matrix composites (MMC) [1,2]. They 
can be tailored to have superior properties such as high specific strength and stiffness, while 
providing weight savings and higher operating temperatures with proper design and 
fabrication. Composites may also exhibit better thermal and mechanical fatigue and creep 
resistance than that of monolithic materials. Unfortunately, for current particulate reinforced 
aluminum (PRA) [3,4], a considerable amount of complexity and cost is added [5] by the 
need for extensive hot deformation of the blended powder compact to mitigate the 
deleterious effects of the oxide coating on the prior particle boundaries of the Al alloy 
powders. The Al oxide coating on most commercially atomized powders is a severe barrier 
to sintering, especially solid state sintering, and unless thoroughly distributed in the 
microstructure of an Al MMC, it can significantly reduce ductility and fatigue strength [5]. 
Further, the SiC particulate normally used in a PRA composite can add a material cost 
penalty, typically 2 to 4 times the cost of the Al alloy powder, and can present an extreme 
problem for conventional Al recycling methods. These disadvantages in processing and 
material cost and the lack of effective recyclability motivate the development of alternatives 
for both reinforcement materials and Al matrix powder processing techniques [5]. 
Low composite toughness may be another disadvantage of conventional SiC reinforcement 
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particles with sharp pointed comers, because it has been shown that the reinforcement 
particle shape has a great effect on strain Geld localization in composites under stress [6]. 
When an additional external stress is applied, the enhanced plastic strain concentration in the 
matrix around a pointed SiC particle comer could induce fracture at a relatively low level of 
applied stress, decreasing the ductility of the composite. The study of S.B. Biner shows that 
the higher the aspect ratio of the reinforcement fiber, the lower the fracture toughness or the 
area under the stress-strain curve, if there is no interface failure between the fibers and matrix 
[7]. J.LLorca, et al., also shows that sharp comers of particles act to limit ductility in two 
ways. Firstly, the strain concentration at the comer promotes early void nucleation and 
rounding whisker comers would delay void nucleation and, hence, increase ductility. 
Secondly, the constraint on plastic flow for the whisker-reinforced composites is much lager 
than the sphere-reinforced composites. The higher the constraint on the plastic flow, the 
higher the hydrostatic stresses would develop in the Al matrix, which will cause rapid void 
growth and early failure [8]. A prior study shows that fragmented SiC particles can also 
cause intolerable tool wear during die pressing and tends to attack the counter materials in 
wear-prone service, such as in automotive belt pulleys [9]. Thus, in order to reduce the strain 
concentration around the typical angular reinforcement particles and to improve the ability 
for wear-resistant applications, spherical Al-Cu-Fe quasicrystal particles were used in the 
composites of this paper. 
Quasicrystalline (QXL) phases were first discovered in aluminum rich transition metal alloys 
[10]. Since that time, many other alloy systems that form quasicrystalline phases were 
discovered. It is well known that quasicrystal alloys have very high hardness and high 
modulus [11,12]. The original metastable quasicrystals were prepared by very rapid 
solidification processes, such as melt spinning. Now, experiments show that 
thermodynamically stable Al-Cu-Fe quasicrystal phase can be produced as spherical powder 
by gas atomization and can retain its high hardness at elevated temperature [13]. U.Koster 
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reported a Vickers microhardness of around 1,000 for the stable Al^gCuzsFen quasicrystal 
compound in monolithic form [14]. The elastic modulus of this quasicrystal was determined 
recently to be 182 GPa by an ultrasonic measurement technique [15] on a fully dense sample 
made by hot ( 800 "C ) isostatic pressing (HIP) of gas atomized powder. For comparison, the 
elastic modulus of SiC is about 350 - 440 GPa [16]. Thus, direct strengthening considerations 
dictated that an increased volume fraction of the Al-Cu-Fe QXL phase must be used to 
approach the yield strength enhancement of SiC reinforced Al composites. It was anticipated 
that Al-Cu-Fe quasicrystals, produced as spherical fine powders by gas atomization, may act 
as a very good reinforcement particulate for Al MMC materials [17], if reinforcement 
particle agglomeration could be avoided. 
In order to study the strengthening effect of Al alloy based (Al 2080) composites, Krajewski 
and Chawla, et al. [18,4] had to use a series of different thermomechanical treatments in the 
unreinforced Al alloy and in the composite samples. These distinct treatments were needed to 
achieve a similar precipitate density and distribution in the microstructure of the unreinforced 
Al alloy and in the composite matrix in order to compare their mechanical properties in an 
unbiased manner. In this paper, elemental Al powder was chosen as the matrix material to 
avoid the complications of matrix heat treatment effects on the strengthening mechanisms 
because there is no precipitation in the elemental Al matrix. Therefore it is not needed to do 
special heat treatment on pure Al matrix material and composite materials to achieve same 
microstructures for considering precipitation effects. The other indirect strengthening 
mechanisms, such as load transfer mechanism, dislocation density increase caused by 
mismatch of CTE and elastic modulus of Al matrix and reinforcement particles during 
thermal processing or deformation, were also studied and the detail are reported in the other 
paper [19]. Earlier work [20] on monitoring of elemental Al powder sintering had also 
demonstrated that both types of matrix powders would experience rapid solid state sintering 
in a die pressed compact at the selected consolidation temperature. In this article we will 
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report microstructure and mechanical property results of commercial purity and high purity 
composite samples consolidated from either commercial inert gas atomized (CIGA) powders 
or gas atomization reaction synthesis (GARS) [21] powders, respectively, using quasi-
isostatic hot forging. 
2. EXPERIMENTAL PROCEDURE 
2.1 Materials 
Powders used for the two kinds of composite samples are shown in table 1. For the baseline 
experiments, commercially inert gas atomized (CIGA) Al and Al^Cn^Fe^ quasicrystal 
powders were obtained. The CIGA Al powder (99.7% purity) had been evaluated thoroughly 
in earlier work [22, 23] to characterize its surface oxide properties. A patented gas 
atomization reaction synthesis (GARS) technique was also used to produce 99.99% pure Al 
and Al-Cu-Fe quasicrystal (QXL) powders [21] in our laboratory. 
Table 1. Powders used for AFF and GFF samples and consolidation methods. 
Sample 
name 
Powders used Purity 
AFF 
CIGA Al powder (<10|im) 
+ 30 vol.% CIGA quasicrystal powder ( clOpm) 
99.7% 
GFF 
GARS Al powder (< 10p,m) 
+ 30 vol.% GARS quasicrystal powder (clOpm) 
99.99% 
The Al and Al-Cu-Fe quasicrystal powders were air-classified to less than 10 ^m. The 
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quasicrystal powders from both sources were screened subsequently through a 20 pm screen 
to eliminate the residual large particles. The size distributions of Al and quasicrystal powders 
were measured by a laser diffraction method and the results are shown in figure 1 and figure 
2, respectively. For both CIGA and GARS quasicrystal powders, 90% of the cumulative 
volume fraction was less than 10pm and essentially 100% of the quasicrystal powders were 
less than 15 |im, as shown in figure 2. 
50% < 5.25 urn 
90% <12 fxm / : 
-
-CIGA Al 
• « « i « \ . « 
1 10 
particle size (micron) 
(a) 
100 
50% < 9.85 urn 
90% < 16.5 pm 
S 2 
1 
10 1 
particle size (micron) 
(b) 
Figure 1. Size distribution of pure Al powders (a) CIGA Al powder (b) GARS Al powder. 
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Figure 2. Size distribution of Al-Cu-Fe quasicrystal powders (a) CIGA QXL powder (b) 
GARS QXL powder. 
2.2 Consolidation processing 
The weight of the Al and quasicrystal powders used in consolidation were calculated for 
making 30 vol.% of loading of quasicrystal reinforcement particles by using the density 
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values of pure Al and quasicrystal powders. There was very little powder loss during 
following powder processing and consolidation. First, Al and quasicrystal powders were 
blended homogeneously by a high energy dynamic blending technology (HEDBT), a 
proprietary technique practiced by Ceracon, Inc. of Riverbank, CA. The volume fraction of 
quasicrystal powders in both AFF and GFF samples was 30%. Next, blended powders were 
cold isostatically pressed (CIP) with a pressure of 200MPa. The "green" samples from CIP 
were forged at a temperature of 550°C with a quasi-isostatic forging procedure by Ceracon. 
While die pressed compacts of the GARS Al powder were found to sinter at a significant rate 
at only 500°C, compacts made from CIGA Al powders needed at least 550°C to approach a 
reasonable rate for solid state sintering [20]. Thus, the forging temperature was chosen to 
allow both compacts to experience significant solid state sintering during this solid state 
consolidation process for the purposes of meaningful comparison of final tensile properties. 
The dimensions of the resulting bars after forging were about 5.5 cm by 2.5 cm by 1 cm. 
Table 2. Quasi-isostatic forging procedure. 
Pre-heat 
Atmosphere 
Pre-heating Forge Temp. Forge 
Pressure 
Dwell at 
Pressure 
99.999% Argon 550 C,10 min 550 C 635 MPa 5 second 
2.3 Other tests 
The Archimedes technique was used to measure the density of each forged sample. The 
elastic modulus of forged samples was measured by an ultrasonic method [24]. Cross-
sections of the as-received composite samples were mechanically polished for 
microstructural examination on the surface without any etching. Tensile tests of consolidated 
composites were performed on an Instron model 1125 tensile test machine under 1.27 mm 
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per minute monotonie loading. Sample dimensions were in 6.35 mm in diameter and 25.4 
mm in uniform gauge length, according to ASTM recommendations [25]. Fractography of 
the composites and cross-section microstructures near the fracture surface of the tensile 
samples were examined on an AMRAY 1845 field emission scanning electron microscope. 
3. RESULTS 
3.1 General microstructures of composites 
The general appearance of the microstructures of AFF and GFF composites is shown in 
figure 3. A fairly uniform distribution of the spherical reinforcements in the composites can 
be seen from the figures. The spherical shape of the quasicrystal particles is also readily 
apparent in these SEM micrographs. There are relatively more fine reinforcement particles in 
GFF than in AFF, which can be also seen from the pictures. Table 3 indicates that the density 
measurements of the consolidated samples are nearly equal to the theoretical density of the 
composite. Although the general distribution of the reinforcement particles is generally 
uniform, there still exists particle clustering in some local areas. This clustering may have 
produced some deleterious effect in the early stages of fracturing of the material, which will 
be described, later. 
Table 3. Summary of density measurement of composite samples. 
Sample Measured density (g/cm^) Theoretical density (g/cnf) 
AFF 3.28 
3.3 
GFF 3.28 
88 
M 
(b) 
Figure 3. Microstructures of (a) AFF sample and (b) GFF sample. 
3.2 Tensile properties and fracture surface examination 
An example of the tensile behavior of the AFF and GFF composite samples is given in figure 
4. Measurements of tensile strength and elastic modulus (E) of the samples are shown in 
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Table 4. The ultimate tensile strength (UTS) shows a large enhancement when compared to 
the typical ultimate tensile strength, 90 MPa, of ingot processed 1100 Al. A comparison to 
the UTS of elemental, unreinforced Al samples produced from CIGA Al powder (AF) and 
GARS Al powder (GF) with very similar grain size will be discussed later. Tensile ductility 
of the composites is limited to about 1% strain, as shown in figure 4. At the initial stage of 
the tensile test, i.e. lower than about 0.1% strain, the responses of the AFF and GFF samples 
are very similar and their stress-strain curves are overlapped. Later in each tensile test, the 
AFF sample shows a higher work hardening tendency than the GFF sample and the final 
fracture strain of AFF is lower than that of GFF. Shown in table 4, the elastic modulus values 
of AFF and GFF samples are 98 GPa and 99 GPa, respectively, which were measured in the 
linear elastic range of the tensile stress-strain curves in Figure 4. Measured by ultrasonic 
technique, the elastic modulus of AFF and GFF are 97 GPa and 98 GPa. Above E values 
measured by two kinds of approach are very consistent. These values are very close to the 
upper-bound E value of 103 GPa that was calculated by the rule of mixtures based on E 
values of pure Al and Al-Cu-Fe quasicrystals. The rule of mixtures calculation for estimation 
of elastic modulus of two-phase composites, which is derived based on principle of minimum 
potential energy, can be applied to both particulate reinforced composites and fiber 
reinforced composites [26]. Because the passion ratio of pure Al (u=0.3) and Al-Cu-Fe alloy 
phase (u=0.2) are very close, so the directly using rule of mixtures calculation for upper-
bound value has very little error. For particulate reinforced composites, the Halpin-Tsai 
equations can give a more accurate estimation of actual elastic modulus [27]. The estimation 
of elastic modulus of AFF and GFF composite materials by Halpin-Tsai equations is 95 GPa, 
which is close to, but lower than the experimental values. 
Figure 5 shows the fractography of failed tensile samples from the AFF and GFF tensile 
tests. All of the samples displayed a mixed fracture mechanism on the fracture surfaces. In 
the Al matrix area, figure 5 shows ductile tearing ridges and micro-dimples around prior Al 
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particles. Fracture occurred by grain boundary separation and brittle cleavage across the 
reinforcement particles. 
350 
300 
250 AFF 
GFF 200 
100 
50 
0.0 0.2 0.4 0.8 0.6 1.0 
Strain (%) 
Figure 4. Tensile stress-strain curves of AFF and GFF samples. 
Table 4. Tensile strength and elastic modulus of AFF and GFF composite samples. 
Sample UTS (MPa) Oo.2(MPa) Ei (GPa) Ez (GPa) 
AFF 310 265 98 97 
GFF 304 227 99 98 
'Note: 1. the UTS and O0.2 values are the average values from two tensile samples. 
2. Ei : elastic modulus measured from linear elastic portion of tensile stress-strain 
curves. 
3. E% : elastic modulus measured by ultrasonic technique on bulk composite samples. 
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Figure 5. Fracture surfaces of (a) and (b) AFF tensile sample, (c) and (d) GFF tensile sample. 
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Figure 6. Cross section of fracture surfaces of (a) AFF tensile sample and (b) GFF tensile 
sample. 
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Figure 6 shows the cross-section microstructures near the fracture surfaces of both types of 
tensile samples. Generally, fractography of both mirror halves of the fracture surfaces of each 
tensile sample shows that reinforcement particles on the fracture surface were broken and 
particle pull-out appeared to be absent. As shown in figure 6, in which the fracture surfaces 
are normal to the tensile direction, most QXL reinforcement particles cracked along the 
fracture path and QXL/A1 interface debonding was rare. Below the fracture interface, there 
are some reinforcement particles that were broken normal to the tensile direction and the 
number of the broken particles in the AFF sample is significantly more than that in the GFF 
sample. 
4. DISCUSSION 
4.1 Tensile Strength Influences 
There is a comparison of tensile properties between elemental A1 matrix materials, AF and 
GF, and AFF and GFF composite materials in table 5. The increase of the ultimate tensile 
strength (UTS) of the AFF and GFF composite material is 163 MPa (111%) and 209 MPa 
(220%), respectively, compared with their respective A1 matrix properties. The increases of 
the yield strength (Y.S.) over their corresponding matrix values are 177 MPa for AFF (201 %) 
composite samples and 174 MPa for GFF (328%) composite samples. These Y.S. 
enhancement values are remarkably high, compared with the yield strength increases 
reported for similar Al/SiC (< 10 pm) composites. Examples include Y.S. increases of 88 
MPa for 1100 Al/20 vol. % SiC [28], about 50 MPa for 6061Al/20 vol. % SiC, and about 100 
MPa for 6061A1/30 vol. % SiC [29]. 
The unusual strength increase of AFF and GFF composites appears to be caused mainly by 
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several factors: first, uniform distribution of the fine reinforcement particles, second, smaller 
interparticle spacing in the matrix, and third, good bonding strength between reinforcement 
particles and matrix. The bonding strength can be inferred from the examination of tensile 
sample fracture surfaces and the cross-section microstructures of fractured tensile samples. 
These factors are important because they can delay premature damage, and, thus, increase 
strength and ductility of the material [30]. 
Table 5. Comparison of UTS and Y.S. between A1 matrix material and composite materials. 
AF GF AFF GFF 
Average UTS of tensile samples (MPa) 14?:; 95:: 310:% 3043 
Average Y.S. of tensile samples (MPa) + i 0
0 00 
53:: 265:^ 227:| 
Increase of UTS compared 
with A1 matrix 
MPa - - 163 209 
Percent - - 111% 220% 
Increase of Y.S. compared 
with A1 matrix 
MPa - - 177 174 
Percent - - 201% 328% 
Note: AF - Pure A1 sample made from CIGA A1 powder (<10|im) 
GF - Pure A1 sample made from GARS A1 powder (< 10|im) 
Y.S. - yield strength, defined as the stress at a plastic strain of 0.2%. 
All the UTS and Y.S. values comes from the average value of 2 or 3 tensile samples. 
In the AFF sample, relatively more broken reinforcement particles can be seen below (but 
near) the fracture surface, see Fig. 6(a). One possible reason for this observation is that the 
Al/reinforcement bonding strength in AFF may be not as good as in the GFF sample, since 
reinforcement particle cracking could be promoted by a locally debonded Al/QXL interface 
The Auger measurement results on Al/reinforcement particle interface regions, discussed 
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later, support this speculation. A related difference in the tensile properties can be seen in 
Fig. 4, where the plastic strain at UTS of GFF is larger than that of AFF. Because the GARS 
high purity A1 powder has a much lower oxide and impurity content than CIGA A1 powder 
[22, 23], there may be fewer precipitates and oxide residuals within the matrix phase, i.e., GF 
in Table 5, of GFF to act as secondary strengthening agents. Thus, the stronger matrix phase, 
i.e., AF in Table 5, of the AFF sample also suggests an alternative explanation for the 
reinforcement particle cracking below the final fracture surface in Fig. 6(a). Perhaps, the 
AFF matrix can bear a higher load fraction to the extent that the fracture strength of the QXL 
particles is exceeded, but only local reinforcement cracking occurs without linking across the 
matrix. 
4.2 Further Comparisons between Matrix and Composite Strength 
Table 6 and figure 7 provide a further comparison of tensile properties between CIGA A1 
(AF) and GARS A1 (GF) matrix samples, and AFF and GFF composite samples. It looks 
reasonable that the Y.S. of AFF is 38 MPa higher than that of GFF because this Y.S. 
difference is similar to the difference of Y.S. between their pure A1 matrix types, AF and GF. 
However, the QXL powders used in these two kinds of composite samples are also different 
and the yield strength can be influenced by other factors, such as the interface bonding 
strength. Therefore, it is hard to say that the Y.S. difference between GFF and AFF 
composites is caused exclusively by the use of different A1 matrix powders. A detailed 
experimental study and theoretical modeling on the strengthening mechanisms and Y.S. 
prediction of AFF and GFF composite material made from vacuum hot pressing technique 
was reported in the other paper [19]. 
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The UTS of GFF is only 6 MPa lower than AFF from table 6, which is much lower than the 
52 MPa difference in UTS between AF and GF. This fact is not reasonable at first glance 
because the stronger matrix in AFF should also make the AFF composite material much 
stronger. However, it must be considered that different interface conditions exist at prior 
particle boundaries in AFF and GFF samples. In other words, the relatively weak bonding of 
some seriously oxidized matrix/reinforcement interfaces in AFF can provide a preferred 
location for crack initialization and can weaken the load transfer mechanism for composite 
strengthening. Thus, although the AF matrix provides a higher yield strength, the relatively 
weak matrix/reinforcement interface may fail the composite at a lower UTS than might be 
ultimately possible. Maybe due to the same reason, the percentage increase of UTS and yield 
strength of the GFF sample is also much higher than that of the AFF sample from table 5. 
Table 6. Difference of UTS and yield strength between different elemental A1 samples and 
Al/QXL composite samples. 
Difference of UTS 
(MPa) 
Difference of Y.S. 
(MPa) 
Grain size and 
solid solution 
strengthening effect 
AF-GF 52 35 
Powder effect AFF-GFF 6 38 
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Figure 7. UTS and Yield strength of elemental A1 (AF and GF) samples, AI/QXL composite 
(AFF and GFF) samples. 
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4.3 General Observations 
Thus, it has been proposed [5, 22,23] that the GARS technique may be very useful for 
producing A1 based MMC materials, such as SiC reinforced Al MMC. During the typical 
processing of SiC reinforced A1 composites, the aluminum oxide surfaces present on CIGA 
aluminum powder should be broken up in order to increase the ductility of the PRA 
composites. The break up of the oxide is usually achieved by extensive extrusion processing 
that produces simple mill shapes, requiring additional processing to fabricate Anal parts [31]. 
Ideally, a "clean" aluminum powder may be used to circumvent the requirement for 
conventional high interparticle shear (extrusion) processing to enable simple net shape 
consolidation of PRA composites and advanced A1 alloys [32]. Detailed powder surface 
chemistry effects on microstructures and properties of consolidated pure A1 and A1 MMC 
materials can be found in reference [33]. A previous study on the interface composition of A1 
and Al-Cu-Fe QXL reinforcement particles shows that there is only a slight Cu diffusion 
from reinforcement particles to A1 matrix and almost no Fe diffusion [33]. Therefore, there 
should be no brittle interfacial phases formed in the interface area. For achieving best 
mechanical properties in the composite material, former studies [9] concluded that it is best 
to have only slight reaction in the interface, without brittle interfacial phases. 
The uniform spatial distribution of the reinforcement particles plays a very important role in 
the fracture resistance of composites. For example, the micrograph of the composite sample 
in Fig. 8, made from a CIGA A1 and GARS QXL powder mixture in a previous study [17], 
shows that local clustering regions exist in the samples and that these regions provided a 
favorable path for cracking. Unfortunately, the local clustering of reinforcement particles is 
actually caused by the random distribution of particles. In a composite material with a 
perfectly random distribution of reinforcement particles, promoted by a proper blending 
method, the local clustering of some adjacent particles will happen naturally. Avoiding and 
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controlling local clustering is very difficult because it actually requires a non-random 
distribution and non-impingement of adjacent particles. The higher the volume fraction of 
reinforcement particles, the more the local clustering or agglomeration of particles occurs. It 
has been reported that clustered regions induce tri-axial stresses in the matrix [34]. Yielding 
stress can be achieved earlier in these high stress intensity clustering regions, initiating 
cracks. Therefore, there is a limitation on the volume fraction of reinforcement in order to 
achieve good ductility. The particles that are clustered together also may be sintered after the 
consolidation process, as shown in Figure 8. The whole body of the sintered particle cluster 
may act as a large particle, whose size and aspect ratio is much larger than the individual 
particles. The local clustering in the microstructures was not studied in this paper. A 
quantitative measurement of reinforcement particle distributions is currently in-progress on 
the composites reinforced with 30 vol. % of particles. The effects of particle distribution and 
variations in reinforcement loading on the composite strength will be reported in a later 
paper. 
Figure 8. Cross section microstructures of a composite tensile sample similar to AFF 
showing broken particles in local clustering area [17]. 
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In terms of practical implications, our remarkable strengthening results suggest that with 
proper care to ensure effective interfacial bonding the list of potential reinforcement phases 
should be broadened from refractory ceramics to include, e.g., intermetallic compounds that 
can form a thin solid solution bonding zone with the matrix phase. If isotropic strength at 
high temperatures is a goal for such composites, these new reinforcement particulates may be 
produced as spherical powders by atomization, for example. New directions for exploiting 
the potential benefits from the use of particulate reinforced composites would come naturally 
if net shape or near-net shape composites became more broadly available. This also may be 
an opening for re-examination of composite consolidation processing. In Al-based 
composites, the new process that we utilized for synthesizing A1 powders with a thin, oxide 
film that appears to be penetrated and dispersed by solid state diffusion may allow the use of 
powder compaction techniques with low interparticle shear characteristics. One of the 
simplest and most desirable techniques would be ambient temperature die pressing, followed 
by solid state sintering. 
In this paper, the results of a quasi-isostatic hot forging consolidation method, which 
produces some grain anisotropy [31] and a relatively minor amount of interparticle shear, are 
reported. In a subsequent paper, we will report the properties of the same composites made 
by the use of vacuum hot pressing, with a further decreased amount of interparticle shear, a 
lower strain hardening rate, and almost no grain anisotropy, i.e., one step closer to the goal of 
consolidation process simplification for net shape A1 MMC composite parts. It is hoped that 
the use of such a model system to represent an ideal particulate-reinforced MMC material 
can permit pursuit of a fully developed strengthening model that takes into account 
significant microstructural characteristics of this class of composites. Our paper will also 
explore the development of such a composite strengthening model in this manner. 
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5. CONCLUSIONS 
1. Spherical Al-Cu-Fe alloy powders can serve as an effective reinforcement particulate for 
elemental Al-based composites, because of their high hardness, high thermal stability, 
and a preferred type of matrix/reinforcement interfacial bonding, with reduced strain 
concentration around the particles. 
2. This reinforcement effectiveness is further evidenced by elastic modulus measurements 
of the composites that fall just below the upper bound predictions of the rule of mixtures 
for 30 vol.% loading. 
3. Ultimate tensile strength and yield strength of both types of composites were increased 
over the corresponding A1 matrix values far beyond typical observations, probably 
promoted by a fine reinforcement particle size that matched the matrix powders, an 
improved spatial distribution of the reinforcements, and an improved interface bond 
strength between matrix and reinforcement particles, 
4. Particle cracking of the reinforcement particulate was a dominant failure mechanism for 
the composites under tensile loading, implying that there is sufficient interfacial bonding 
between the reinforcement particles and A1 matrix to achieve full benefit from the 
reinforcement. 
5. Composite samples made from high purity powders show a higher strengthening effect 
and ductility than the samples made from commercial purity powders, which may result 
from improved bonding between the high purity powders. 
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Pure Al matrix Composites Produced by Vacuum Hot Pressing: Tensile Properties and 
Strengthening Mechanisms 
A paper submitted to Materials Science and Engineering A 
Fei Tang', Thomas Gnaupel-Herold^, Henry Prask", Iver E. Anderson' 
'Ames Laboratory, Iowa State University, Ames, IA 50011 
^NIST neutron research center, 100 Bureau Drive, Gaithersburg, MD 20899-3460 
Abstract 
A1 matrix composites reinforced by spherical intermetallic particles, were consolidated from 
gas atomized elemental A1 and Al-Cu-Fe alloy fine powders (< 10pm) by a vacuum hot 
pressing (VHP) technique. The composites were made from two types of powders including 
commercial inert gas atomized powder (99.7%) and high purity powder (99.99%) produced 
by a gas atomization reaction synthesis technique. The microstructures and tensile properties 
of the composites with three different volume fractions of the reinforcement particles (15, 20 
and 30 vol.%) were characterized. Yield strength (Y.S.) increase values of the composites, 
compared with elemental A1 matrix Y.S. values, were correlated very well with the 
predictions of combined strengthening from mechanisms that include load transfer, mismatch 
of CTE, and geometrically necessary dislocations. For analysis of the load transfer 
contribution, in-situ neutron diffraction measurements of each type of composite sample 
were used to measure the actual load bearing stresses of the matrix and reinforcement phases. 
Key words: Metal matrix composites; Powder metallurgy; Strengthening mechanisms. 
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1. Introduction 
It is attractive to use particulate reinforced aluminum (PRA) matrix composites in structural 
applications because of their excellent stiffhess-to-weight and strength-to-weight ratios [1,2]. 
Such PRA materials also exhibit generally good wear resistance, thermal conductivity, and 
low thermal expansion, all of which makes them good multifunctional light weight materials 
[3,4]. These superior properties suggest many possible uses in weight-sensitive components 
for aerospace or land transportation. A wide variety of fabrication techniques have been 
explored for metal matrix composites. These include powder metallurgy, molten metal 
methods, semi-solid casting, pressure infiltration and spray deposition [1,4, 5, 6]. 
The powder metallurgy processing technique is attractive for several reasons [6, 7, 8]. This 
approach offers microstructural control of the phases that is absent from the liquid phase 
route. Powder metallurgy processing employs lower temperatures and, therefore, 
theoretically offers better control of interface reaction kinetics. Because of their basis as a 
powder, PRA composites often have been deformation processed after powder consolidation 
to develop the best properties. In this manner, the composites behave like high strength 
aluminum alloys made by the powder metallurgy technique: i.e. the prior particle oxide skins 
must be broken up by metal working before the true properties of the matrix metal and, hence, 
the composite can be achieved. The most common primary breakdown process has been 
extrusion. Other metal working processes such as rolling, forging, shear spinning and 
swaging have also been demonstrated. Also, the typical ceramic reinforcements (e.g. SiC) for 
PRA composites give rise to dulling of many common machine tools, decreasing the 
machinability of these composites. Thus, it would be quite beneficial if a powder metallurgy 
process for high strength PRA composites with good ductility could be developed that 
avoided extensive mechanical deformation and permitted net shape die forming without 
machining. 
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Strengthening mechanisms of composites have been studied extensively for many years. The 
continuum shear lag model was first developed to predict the direct strengthening of 
continuous fiber reinforced composites originally by Cox [9]. The predominant direct 
strengthening factor is the volume fraction of reinforcement. Powder processed material 
tends to give somewhat higher strengths than melt processed composites, probably because 
of additional strengthening from residual oxide dispersoids from prior particle surface, and 
the somewhat finer grain size. Unfortunately, for the low aspect ratio whisker or particulate 
reinforcement particles typically used in current metal matrix composites, the shear lag 
model underestimates the strength [10, 11]. Nardone and Prewo suggested that better 
agreement can be obtained if the shear lag model is modified to allow for whisker or fiber 
end loading effects [12]. The theoretical prediction by means of this direct strengthening 
model is closer to the experimental results when the reinforcement aspect ratio is small. The 
difficulty with this continuum approach is that it ignores the secondary strengthening 
influence of reinforcement particles on the micromechanics of composite deformation, such 
as the very high matrix work hardening at low strains. The modified shear lag model [12] 
also ignores modifications in composite microstructures, such as dislocation density 
increases and residual stresses from processing effects [13]. 
A model to predict the yield strength of a particle-reinforced metal matrix composites by 
considering the dislocation density due to mismatch between thermal expansion coefficients 
(ACTE) of particle and matrix was developed by R.J.Arsenault and his colleagues [14, 15]. It 
was proposed that the high matrix dislocation density caused by ACTE should account for the 
observed secondary strengthening. While this enhanced dislocation density strengthening 
model is in agreement with the general trends of the strengthening results, it is not sufficient 
to account for the combined strengthening effect in many composite materials [16,17]. On 
the other hand, Orowan strengthening is not a major factor with the 5pm and larger 
reinforcement particles usually used, but particles of this size can result in quench hardening 
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and enhanced work hardening because of elastic misfit back stress hardening [14,18]. 
Reinforcement particle shape, in terms of aspect ratio, also can influence composite strength, 
but for the typical SiC particulate aspect ratio range of up to 2:1, it is not expected to be a 
major factor. 
In order to study the secondary strengthening contribution to the total strength of A1 alloy 
based composites, Krajewski and Chawla, et al. [19, 20] had to use a series of complex 
thermomechanical treatments in both the unreinforced A1 alloy and in the composite material. 
These treatments were needed to ensure that the density and distribution of the dislocations 
and precipitates were similar in unreinforced A1 alloy and in the composites in order to 
compare the strength. In this paper, elemental Al powder was chosen as the matrix material 
to avoid the complications of matrix heat treatment effects on the strengthening mechanisms 
of composite materials and to permit the use of a high temperature consolidation temperature, 
without promoting partial melting. 
In recent research [16], results on elemental Al matrix composites, reinforced by 30 vol.% of 
spherical Al-Cu-Fe alloy particles and consolidated by quasi-isostatic forging, were 
introduced. Because of the fine (dia. < 10 pm) matrix and reinforcement particle sizes that 
match closely and a homogenous spatial distribution, the UTS and yield strength of this 
model composite material were improved over the matrix properties by 111% and 220%, 
respectively, for the commercial purity composite sample. Remarkably, the UTS and yield 
strength of the composite were improved over the matrix properties by 201% and 328%, 
respectively, for an equivalent composite material produced from metal powders with much 
thinner oxide surfaces. The elastic modulus values of these composites, in both versions, are 
very close to the theoretical upper bound value from the rule of mixtures (ROM) for 30 
vol.% loading. These results suggested that the selection of potential reinforcement phases 
for PRA materials should be broadened from refractory ceramics to include, e.g., 
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intermetallic compounds that also can form a strong bond with the Al matrix by high 
temperature solid-state sintering. Also, the results clearly indicated that PRA composites 
made from powders with a thinner oxide surface can achieve significant improvements in 
tensile properties over the same composites made from commercial powders with thick oxide 
and impurity surfaces [21]. 
In this paper, we will report the tensile properties of similar composites made by vacuum hot 
pressing (VHP) with a wide range of reinforcement loadings. Compared to quasi-isostatic 
forging, VHP has a further decreased amount of interparticle shear, strain hardening rate and 
almost no grain anisotropy compared to the forging method [7]. This VHP approach can be 
viewed as one step closer to the goal of powder consolidation process simplification for 
direct net shape forming of PRA composite parts. The tensile property results will be 
compared to the predictions of the direct and secondary strengthening models for the Y.S. 
increase of the composite samples. 
2. Experimental Procedure 
2.1 Materials 
Powders used for the two kinds of composite samples are shown in Table 1. For the baseline 
experiments, commercial inert gas atomized (CIGA) Al and A^Cu^Fe^ 
quasicrystal powders were obtained. The CIGA Al powder (99.7% purity) had been 
evaluated thoroughly in earlier work [21-23] to characterize its surface oxide properties. A 
patented gas atomization reaction synthesis (GARS) technique was also used to produce 
99.99% pure Al and Al-Cu-Fe quasicrystal (QXL) powders [24] in our laboratory. The x-ray 
diffraction results of both CIGA and GARS quasicrystal powders are shown in figure 1. The 
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results revealed that there are two phases in the as-atomized powder, the major A^Cni^Fe# 
quasicrystal (icosahedral) phase and some (3-Al(Cu, Fe) cubic phase. 
Table 1. Powders used for AFF and GFF samples. 
Samples Powders used Purity 
AFF-15 CIGA Al powder (<10|im) 
+ 15, 20, or 30 vol. % CIGA Al-Cu-Fe 
quasicrystal powder ( <10|im) 
99.7% AFF-20 
AFF-30 
GFF-15 GARS Al powder (< 10|im) 
+ 15, 20, or 30 vol. % GARS Al-Cu-Fe 
quasicrystal powder (clOpm) 
99.99% GFF-20 
GFF-30 
CIGA reinforcement particle 1200-
e quasicrystal peak 
H p phase peak 
1000-
800-
C0 b  600-
400-
200-
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1100 
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Figure 1. X-ray diffraction of CIGA and GARS Al-Cu-Fe alloy reinforcement powders. 
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The Al and Al-Cu-Fe quasicrystal powders were air classified to less than 10 p.m. The 
quasicrystal powders from both sources were screened subsequently through a 20 pm screen 
to eliminate the residual large particles. The size distributions of Al and quasicrystal powders 
were reported elsewhere [25]. 
2.2 Consolidation processing 
First, powders were blended homogeneously. Then, blended powders were compacted by 
cold isostatic pressing (CIP) with a pressure of 280MPa, intending to produce a green density 
of about 90%. The green samples from CIP were machined to match the hot press die 
dimensions and vacuum (10"^ torr) hot pressed (VHP) at 550°C for 6 hours, using a pressure 
of 175 MPa for 5 hours (after the first hour at 550°C). Because the first GFF-20 sample, 
initially VHP at 175 MPa, was not fully dense, a second GFF-20 composite sample was 
consolidated at 245 MPa by the VHP process to get full density and was used for the 
subsequent analysis. Table 2 summarized some VHP processing parameters. 
Table 2. Vacuum hot pressing parameters 
Temperature 
(°C) 
Soak at Temp, 
(hour) 
Pressure 
(MPa) 
Dwell at Pressure 
(hour) 
550 6 175 or 245 5 
2.3 Other tests 
X-ray diffraction characterization of composite samples was performed using a Philips 
PW1830 generator with Cu Ka radiation. The Archimedes technique was used to measure the 
density of each composite sample. Microhardness of bulk Al-Cu-Fe quasicrystal materials 
was measured with a Vickers indenter at a load of 500g. The elastic modulus of composites 
samples was measured by an ultrasonic method [26]. Tensile tests of consolidated 
composites were performed on an Instron model 1125 tensile test machine under 1.27 mm 
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per minute monotonie loading. Tensile sample dimensions were 6.35 mm in diameter and 
25.4 mm in uniform gauge length, according to ASTM recommendations [27]. 
Microstructures of the composites and fractography of the tensile samples were examined on 
an AMRAY 1845 field emission scanning electron microscope. The coefficient of thermal 
expansion (CTE) of the A^C^Fe (m) phase was measured by a Perkin-Elmer TMA7 
thermal-mechanical analyzer (TMA). Neutron diffraction (in-situ) measurement procedures 
for determining load bearing stresses during tensile tests were reported in detail, elsewhere 
[28]. 
3. Results and Discussion 
3.1 General Microstructures 
As shown in figure 2 and figure 3, the reinforcement particles are spherical in shape and 
distributed quite uniformly in all samples. Some local clustering still can be found [29] in all 
the samples, especially in 30 vol. % loading samples. The density measurements of the 
composite samples are shown in table 3, which shows that all of the samples are essentially 
fully dense. 
3.2 X-Ray Diffraction of Composites 
X-ray diffraction results on all the composite samples are shown in figure 4 and 5. The 
elemental Al matrix phase peaks are apparent, but the quasicrystal and P phase peaks, which 
are seen in figure 1, were not observed in the resulting patterns. Instead, there are diffraction 
peaks of an m phase (Al^CuzFe), which is a crystalline phase with the density of 4.18 g/crn^ 
[10]. As often reported in previous research, the Al-Cu-Fe quasicrystal phase is stable when 
annealing at about 700 C [30-32]. However, Koster et al. reported that Al-Cu-Fe quasicrystal 
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phase, with a density of 4.7 g/cm^ [10], may react with Al phase to form oo phase during heat-
treatment [33]. Because the VHP process lasts 5 hours at 550 C, it is reasonable to expect 
that Al atoms may diffuse into the Al-Cu-Fe quasicrystal particles and may react to form the 
m phase. 
Figure 2. Back-scattering electron SEM micrographs of microstructures of AFF composite 
samples (a) AFF-15, (b) AFF-20, (c) AFF-30. 
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(C) 
Figure 3. Back-scattering electron SEM micrographs of microstructures of GFF composite 
samples (a) GFF-15, (b) GFF-20, (c) GFF-30. 
Table 3. Density of all the composite samples. 
Samples AFF-15 1 GFF-15 AFF-20 GFF-20 AFF-30 GFF-30 
Density 
(g/cnf) 3.0 3.0 3.09 3.09 3.28 3.28 
Theoretical 
density 
(g/cnf) 
3.0 3.1 3.3 
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Figure 4. X-ray diffraction measurement of AFF composite samples (a) AFF-15, (b) AFF-20, 
(c) AFF-30. 
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Figure 5. X-ray diffraction measurement of GFF composite samples (a) GFF-15, (b) GFF-20, 
(c) GFF-30. 
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3.3 Elastic Modulus and Static Mechanical Properties 
The elastic modulus (E) of the m and quasicrystal phases were measured by an ultrasonic 
method. The E values were 168 GPa for the m phase and 182 GPa for the quasicrystal phase. 
This result shows that the modulus of the m phase is only slightly lower than the initial 
quasicrystal phase. The microhardness values of these two phases are also very similar, 
shown in table 4. The quasicrystal and m phase materials used for the modulus measurements 
were fully dense samples made by hot isostatic pressing (HIP) of gas atomized powder of the 
stoichiometric alloys at 800°C and 700°C, respectively. The CTE of m phase, as measured by 
TMA, is 15.45xlO"^K \ which is slightly larger than the CTE of the quasicrystal phase, 
12.6xlO^K[34]. The similarity of the properties between these two phases may suggest 
that although there may be no quasicrystal remaining in the reinforcement particles, the 
resulting oo phase can still act as an effective reinforcement for promoting the modulus and 
strength of the composites. 
Table 4. Properties of Al^Cu^Fen quasicrystal phase and Al?Cu2pe (m) phase 
Elastic modulus 
(GPa) 
Microhardness 
(Hv) 
CTE 
(xlO^K"') 
AlesCuigFeiz 182 922 ± 25 12.6 ^ 
AljCuiFe 168 935 ± 80 ^ 15.45 
The elastic modulus measurements for the composite materials range from 80-100 GPa, as 
reinforcement loading is increased from 15 to 30 vol.%. As we can see in figure 6, most of 
the modulus values of the composites are close to or at the upper-bound model values. This 
observation indicates the effectiveness of the reinforcement in this composite material and is 
consistent with good bonding between Al and reinforcement particle phases. The modulus of 
m phase was used for all of the model calculations of the composite modulus. 
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Figure 6. Elastic modulus of AFF and GFF composite materials compared with three 
modulus prediction models including iso-strain (upper-bound) model [35], iso-stress (lower-
bound) model [35] and Halpin-Tsai equations [36]. 
3.4 Tensile Properties 
The tensile property values including elastic modulus, ultimate tensile strength (UTS) and 
yield strength (Y.S.) of all the AFF and GFF composite samples are shown in table 5. The 
Y.S. and UTS of GFF-VHP samples are much above the corresponding values of the 
corresponding elemental Al matrix sample, whose Y.S. is 53 MPa and UTS is 95 MPa [25]. 
The same is true for the AFF-VHP samples. The Y.S. and UTS of the corresponding 
elemental Al matrix of AFF samples are 88 MPa and 145 MPa, respectively [25]. 
Table 5. Tensile properties of GFF and AFF composite samples. 
GFF-VHP AFF-VHP 
Samples GFF-15 GFF-20 GFF-30 AFF-15 AFF-20 AFF-30 
E (GPa) 86 87 100 83 87 99 
UTS (MPa) 154 222 238 176 00 233 
co.2 (MPa) 109 135 191 135 154 199 
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Figure 7. Yielding strength (Y.S.) and ultimate tensile strength (UTS) of (a) AFF and (b) 
GFF composite samples. (Some data scattering bars are very small and contained in the 
symbol of data points.) 
Figure 7 gives a more clear comparison of Y.S. and UTS between AFF and GFF samples. 
Figure 7(a) shows that for both AFF and GFF samples, Y.S. has a quite linear relationship 
with the reinforcement volume fraction. The Y.S. of AFF samples with different volume 
fractions of reinforcement are consistently higher than GFF samples. This is reasonable 
because the commercial purity AFF samples contain more oxide or dissolved impurities that 
would promote higher strength. From Figure 7(b), we can see that the UTS of AFF is 
obviously higher than GFF at 15 vol.% reinforcement loading, but at the 20 and 30 vol.% 
loading AFF samples show lower or about the same UTS values as GFF samples. After 
tensile samples pass the yielding point, there will be more and more micromechanical 
damage accumulated inside the material along with the tensile strain increase. When the 
damage accumulates to some critical level, the tensile strain reaches the UTS point and the 
tensile sample fails. If the damage accumulation rate is faster, then UTS will be reached 
earlier and its value will be lower. From this analysis, we can see that although GFF samples 
have a lower Y.S. level than AFF samples, they may have better bonding strength between 
consolidated particles and better micromechanical ductility. This improved interparticle 
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bonding can be attributed to the high purity of GFF samples and, more importantly, to the 
very thin initial oxide layer on the GARS-processed powder surfaces. The above results are 
another example that is consistent with our previous studies of elemental Al, which showed 
that the powder surface chemistry has a very significant effect on the powder sintering 
kinetics and final materials properties [21]. 
3.5 Fracture Mode 
Figure 8 and figure 9 show the fracture surfaces of AFF and GFF samples. AFF-15, GFF-15, 
AFF-20 and GFF-20 samples all show a mixture of fracture modes. In the Al matrix area, 
there are small dimples and tearing ridges, which suggest a very ductile fracture in the matrix 
area. There are many reinforcement particles cracking on the fracture surface, but there are 
also some small spherical particles apparently on the surface, which suggests some interface 
debonding between matrix and finer reinforcement particles. There are also a few particles 
debonding on the AFF-30 samples, but no particle pull-out appears on the GFF-30 sample 
fracture surfaces, which may show that the GARS powders can be more easily sintered than 
CIGA powders because of a much thinner oxide layer on the GARS powder surfaces, 
compared to the CIGA powder. Much more detailed experiments and analysis on the 
sintering behavior of these two kinds of powders can be found in many previous reports [16, 
21, 22, 25]. Generally the AFF-30 and GFF-30 fracture surfaces look simpler than the others, 
with more uniform ductile fracture in the pure Al matrix. Maybe such a high loading of hard 
particles can promote increased green density of powder mixtures and local plastic shearing 
deformation during CIP and hot pressing, which will surely enhance the sintering and bond 
strength between particles. Especially in those relatively low volume fraction (15 and 20 
vol.%) samples, the pressure applied during the VHP process may need to be increased to 
further enhance the local yielding of the matrix particles and, hence, the sintering of each 
composite sample. 
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(c) 
Figure 8. Secondary electron SEM micrographs of Fracture surfaces (a) AFF-15, (b) AFF-20, 
and (c) AFF-30 VHP composite samples. 
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(c) 
Figure 9. Secondary electron SEM micrographs of Fracture surfaces (a) GFF-15, (b) GFF-20, 
and (c) GFF-30 VHP composite samples. 
4. Hybrid Model for YJS. Prediction 
During the past two decades a large number of investigations have been carried out to reveal 
the strengthening mechanisms of metal matrix composites, and both continuum and 
micromechanical models have been developed. As a result of these investigations the major 
mechanisms which may contribute to the direct and secondary strengthening of a composite 
have been deduced: 
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(a) Direct strengthening from load transfer from the matrix to the reinforcement via shear 
stresses at the interface between the components (shear-lag theory) [12], 
(b) Secondary strengthening form increased density of dislocations generated during cooling 
from an elevated processing temperature because of the differential thermal contraction 
between matrix and reinforcement [14, 37], 
(c) Secondary strengthening from artificially reduced interparticle spacing from extremely 
fine precipitates due to the creation of Orowan loops (Orowan strengthening) [25], and 
(d) Geometrically-necessary dislocation (secondary) strengthening, which is also common in 
those precipitation strengthened materials [38] and occurs during initial plastic deformation 
in a micromechanical manner. 
All the above strengthening mechanisms, from a theoretical point of view, seem suitable for 
particulate-reinforced Al matrix composites. For studying the above mechanisms, the 
elemental Al matrix composites consolidated by a VHP process in this report can be a very 
suitable material because of their simplified microstructures, without matrix phase 
precipitates. As a solid state sintering process, the VHP process can use relatively low 
applied pressure during consolidation and inter-particle shearing stresses are located mostly 
in a thin layer of material close to the die wall. The dwell time at high temperature of VHP is 
much longer and the sample cooling rate after full consolidation is much slower than high 
strain-rate consolidation methods, e.g., a quasi-isostatic forging process [16]. Thus, residual 
dislocation density in the sample matrix and dislocation strengthening produced by VHP 
should be significant reduced. Because the Al matrix used in the composites was produced 
from commercial purity (99.7%) and high purity (99.99%) elemental powder, there should 
not be much possible precipitation strengthening effect, but some minor solid solution 
strengthening is possible, especially in the commercial purity PRA composites. Most 
dislocations in the as-received VHP composites should be produced by the CTE difference 
(ACTE) between the matrix and reinforcement phases after each consolidated composite 
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sample is cooled down from the high processing temperature. Increased dislocation density 
may also result from tensile property differences between phases during plastic deformation 
(geometrically necessary dislocations). Therefore, a combined strengthening model that 
includes the effects of several mechanisms will be tested on these VHP composite samples in 
the following sections. 
4.1 Load Transfer Mechanism 
The continuum shear lag model was developed originally to predict the strength of 
continuous fiber reinforced composites by Cox [9]. The model centers on the transfer of 
tensile stress from matrix to a fiber by means of interfacial shear stresses. For the aspect ratio 
of SiC whiskers (10:1) and SiC flake fragments (2:1) typically used in particle reinforced 
metal matrix composites, the continuum shear lag model underestimates the strength [10, 11]. 
Nardone and Prewo proposed a modified shear lag theory and suggested that better 
agreement is obtained if the equation is modified to allow for whisker or fiber end loading 
effects, giving the following equation for strength prediction [12]. 
Cm - Cm, lf> + 2)+V„ (1) 
where s is the aspect ratio of the reinforcement, and Ocy and Omy represent the yield strength 
of composite and matrix material, respectively. V% and Vm represent the volume fraction of 
reinforcement and matrix, respectively. They also showed that the Orowan strengthening 
mechanism was insufficient to account for the increase in yield strength of the particulate 
reinforced Al alloy matrix composites [12]. The difficulty with this continuum approach to 
load sharing prediction is that it ignores the influence of reinforcement particles on the matrix 
microstructure, such as increased dislocation density caused by CTE difference, modulus and 
strain incompatibility between matrix and reinforcement phases, and processing procedures. 
125 
By carefully matching the matrix precipitate microstructures, Chawla et al. [39] showed that 
there is a good correlation between the experimental data of SiC-reinforced T8-tempered Al 
alloy (A12080) matrix composites and T6-tempered matrix samples of A12080 using the 
above modified shear lag model. However, other studies reported by Arsenault et al. [10] 
showed that the shear lag model can only give a very small predicted amount of Y.S. increase, 
compared with experimental results. For example, if we apply equation (2) for the 
composites with a 30 vol.% of reinforcement reported in this paper, the Y.S. increase 
prediction would be only 15% above the Y.S. of the elemental Al matrix. In other words, a 
numerical Y.S. increase of only about 8 MPa and 13 MPa for GFF and AFF samples, 
respectively, are predicted instead of the much higher values given in Table 5. 
Actually, the load transfer capability or partitioning between phases in composite materials 
can be directly measured in-situ by the X-ray or neutron diffraction methods [40,41]. From 
these measurements, the specific load partitioning between each phase in a composite can be 
found. Therefore, we can clearly know how much load is transferred to reinforcement phases 
and calculate load transfer strengthening from these actual measurement values, instead of 
using the shear-lag model. 
For making an accurate assessment of the load transfer strengthening contribution, the actual 
load bearing stresses in Al matrix and reinforcement particles were measured in-situ while 
applying external tensile stress by a neutron diffraction method at the NIST Neutron 
Research Center. The detailed neutron diffraction measurement procedure is reported in 
another paper [28]. The applied tensile stress level during the load partitioning measurement 
of all the composites samples was well within the elastic region of the material. The neutron 
diffraction measurement results of phase bearing stresses in all composite samples are shown 
in figure 10. The load bearing ratios of Al matrix and reinforcement phases in table 6 were 
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Figure 10. Neutron diffraction measurement of load partitioning between Al matrix and 
reinforcement particles [32] (a) GFF-15, (b) GFF-20, (c) GFF-30, (d) AFF-15, (e) AFF-20, 
and (f) AFF-30. 
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obtained by linearly fitting the curves in figure 10. These load bearing ratios measured in the 
elastic range were used in the subsequent load transfer strengthening analysis, although the 
operative load bearing ratios may have some minor decrease due to the hardening of the Al 
matrix during the plastic yielding portion of tensile deformation. Later, we will show that 
actually the load transfer strengthening contribution in Table 7 is only composed of a small 
portion of the total strengthening. Therefore, the above approximation will not cause any 
significant difference in predicting total strengthening of the composites. 
Table 6. Load pearing ratio of reinforcement phase and Al matrix in the composites [32]. 
GFF-15 GFF-20 GFF-30 AFF-15 AFF-20 AFF-30 
Processing VHP VHP 
Quasi-
isostatic 
forging 
VHP VHP 
Quasi-
isostatic 
forging 
% 1.74 1.92 2.49 1.70 1.82 1.97 
Now with these measurement results of load partitioning and load bearing ratios, we can 
calculate directly how much direct load transfer strengthening these composite materials 
demonstrate. Note that the load transfer calculations assume that the load bearing ratios of 
the 30 vol.% loaded and quasi-isostatically forged samples are equal to that of the VHP 
samples at the same loading. In other words, the processing method should not affect the load 
transfer effect as long as the matrix and the reinforcement particles are bonded well and each 
sample is fully dense. 
According to references [42, 43], the average phase stresses in an Al matrix and in the 
reinforcement particles can be measured by neutron diffraction and have the following 
relationship with the external applied stress: 
(2) 
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where cr^ is the external applied stress on the PRA composites, V& is the volume fraction of 
reinforcement, and and are the average bearing stresses of the reinforcement particles 
and the matrix, respectively, 
Therefore the yield strength increase in the PRA composites that results from the load 
transfer effect ( Acr^) can be calculated as follows: 
where Acr^is the Y.S. increase from the load transfer mechanism. Assuming that the Al 
matrix bearing stress is approximately equal to the yield strength of the pure Al matrix 
material cr* when the composite is yielding, the load transfer strengthening can be calculated 
by following equation (5): 
Aof (3) 
where (7* is the yield stress of the unreinforced matrix material. Therefore 
Ao^=y,^+(i-y*)of  (4) 
(5) 
where the results are summarized in Table 7. As shown in Table 7, the load transfer 
strengthening of the composites samples only contributed a small part of the observed 
strengthening, which is also consistent with the results of Al/SiC composites [10]. 
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4.2 Thermal Expansion Mismatch Model 
In addition to the direct strengthening from the load transfer effect, an important indirect 
strengthening contribution to be considered should be the plastic deformation effect caused 
by ACTE between the Al matrix and the reinforcement particles. Arsenault and collaborators 
[14, 15] showed that an increased dislocation density of the matrix does result from a 
difference in the coefficient of thermal expansion (CTE) of an Al matrix and SiC 
reinforcement particles and that the increased matrix dislocation density does promote a large 
portion of the observed increase in Al/SiC composite yield strength. In other words, because 
the coefficient of thermal expansion of a typical aluminum alloy is about ten times that of 
SiC, there can be relatively high residual stress around each SiC particle at ambient 
temperature after thermal processing of such composites [14]. The equation proposed for 
prediction of yield strength increase by ACTE is, as follows [15], 
Acr CTE 
i / i  T 
i i J -
1 /2  
(6) 
where a is a constant that is equal to 1.25, p, is the shear modulus of the pure Al matrix, 
26.4GPa, b is the Burgers vector, about 2.86x10"'° m, V% is the volume fraction of 
reinforcement, B is 12 for spherical particle reinforcement, e is the misfit strain due to the 
ACTE, and t is the average diameter of the reinforcement (about 5.5 pm) [25]. 
For analysis of the PRA composites of this study, the CTE of each reinforcement particle in 
the composite, m phase, is 15.45x10"%^ and the CTE of pure Al is 23.6x10"* AT''. The 
processing temperature is 550'C and, assuming room temperature is 20"C, the temperature 
difference is 530"C, i.e. 530 K. Then, misfit strain 6 can be calculated by equation (7) and is 
equal to 6.54x10"^, 
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g = (ACTEXAT) (7) 
A summary of the results calculated with equation 7 are found in Table 7. Inspection of the 
results in Table 7 showed that ACTE strengthening represents a relatively large portion of the 
total observed strength increase, which is consistent with the results from Arsenault [10, 14, 
4.3 Geometrically Necessary Dislocation Strengthening Model 
When an external tensile load is applied to a composite material and it arrives at the matrix 
yielding point, there will be geometrically necessary dislocations (GND) generated in the 
Al/reinforcement interface area because of the yield strength and elastic modulus differences 
between Al and reinforcement particles, as shown in Figure 11. Otherwise, extensive 
interface debonding between Al and particles would take place in the composites. At the 
0.2% strain of the composite material samples, AFF and GFF, the Al matrix already had 
some plastic deformation, as we can see in the stress-strain curves in figure 12. In order to 
compensate for the strain incompatibility between matrix and particles, extensive GND 
dislocations must be generated in the matrix. 
15]. 
Figure 11. Schematic GND dislocations around reinforcement particles 
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Figure 12. Stress and strain curves of AFF-30 and GFF-30 samples. 
A GND density increase around each interface region also will cause a secondary (indirect) 
strengthening effect for the composite material. This GND effect can be also seen in some 
precipitation strengthening materials, where it acts to increase the population and spatial 
density of dislocation barriers far beyond the initial precipitate distribution. The yield 
strength increase caused by GND strengthening ( Acr^ ) can be calculated by the following 
equation [38]. 
where a is a constant that is equal to 1.25, p. is the shear modulus of the pure Al matrix, 
26.4GPa, b is the Burgers vector, about 2.86x10"'° m, V& is the volume fraction of 
reinforcement, D is the diameter of the prismatic dislocation loop around the reinforcement 
particles, and Ey is the yielding strain. By using an approximate D value of 5.5 pm, which is 
the average diameter of reinforcement particles [25] and Ey value of 0.2%, the yield strength 
(8) 
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increase from the GND effect for each sample was calculated. Again, the calculated results 
are found in Table 7. The contributions from the GND strengthening mechanism increases 
with increased of the reinforcement particle volume fraction. The previous study of Sekine 
[44] also showed that the GND mechanism is a significant contribution to composite 
strengthening, which is consistent with our analysis results. 
Table 7. Y.S. increase values calculated from different mechanisms and experimental values 
(MPa). 
A<r^ Acr™ Ao-cM) Combined Prediction 
Experimental 
results 
AFF-15 9 28 15 52 50 GFF-15 6 49 56 
AFF-20 14 34 18 66 69 GFF20 10 62 80 
AFF-30 25 45 44 114 114 GFF-30 24 113 138 
4.4 Combined Effect of Strengthening Mechanisms 
In the calculation results from each of the three well-accepted direct and indirect 
strengthening contributions shown in Table 7, one can observe an under-prediction of the 
observed values for the Y.S. increases in our composite samples, if applied individually. 
Consistent with the micromechanical aspects of current composite strengthening theory, the 
yield strength increase may be better predicted from a combination of both an elastic effect, 
i.e., load transfer, and plastic-type effects, i.e., ACTE and GND effects. The plastic-type 
effects can be added to account for the highly local yielding phenomen that occurs between 
reinforcement particles and the matrix phase, prior to reaching the 0.2% yield strength, a 
macroscopic yielding point. Thus, the combined effect can be calculated for the two kinds of 
Al/QXL composites by eqn. (9), 
A^=Ao-^+Acr^+Acr^ (9) 
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Table 7 shows the calculation results for each composite sample, using equation 9. 
Comparing the experimental Y.S. increase values with predicted values from the combined 
calculation, very good agreement with the relationship given in equation 9 was found for all 
the composite samples. The Y.S. increase values in Table 7 were calculated based on the 
0.2% Y.S. values of elemental CIGA Al and GARS Al matrix materials [25], which are 85 
MPa and 53 MPa, respectively. Figure 13 shows a graphical view of the agreement between 
the experimental and predicted values for AFF and GFF VHP samples, as a function of 
reinforcement content. 
For the AFF samples, the predicted values agree with the experimental values so well that the 
predicted trend almost overlaps with the experimental one. For GFF samples, the general 
trend of the prediction and the actual Y.S. increase values also agree quite well, except that 
the predicted values are all lower than the experimental values. All of the GFF composite 
materials show higher experimental Y.S. increase values than theoretical predictions. This 
observation suggests that the use of high purity powders may allow operation of some 
additional, but unknown, strengthening effect that remains to be explored. 
120 
ro 
CL S 
100-
110-
30 
90-
AFF 
o 
c 
70-
•' 
o' CO 
> 
o- theoretical prediction 
—a— experimental value 
40 
15 20 25 30 
Vol. % of reinforcement 
(a) 
134 
GFF VHP 140-
120-
100-
-Q— theoretical prediction 
-o— experimental value 
60-
T 1 ' I ! Î ' r~ 
15 20 25 30 
Vol.% of reinforcement 
(b) 
Figure 13. Comparison of experimental and predicted Y.S. increase values (a) AFF sample, 
(b) GFF sample. 
5. Summary 
Microstructures and tensile properties of elemental Al matrix composite reinforced by Al-
Cu-Fe alloy particles were characterized. It was found that the quasicrystalline phase in the 
Al-Cu-Fe reinforcement particles transformed to a crystalline m phase, which has similar 
elastic modulus, CTE, and hardness properties. With a relatively low strain hardening rate 
and interparticle shearing during the consolidation processing procedure, the composites 
produced by VHP have lower strength than that produced by a quasi-isostatic forging process. 
However, the VHP composites still show good elastic modulus, close to the theoretical 
upper-bound. Finally, by using the measured load bearing capabilities of both phases in the 
composites and by combining three major strengthening mechanisms, the Y.S. increase of 
both AFF and GFF composite samples can be predicted quite accurately. This suggests that 
for elemental Al matrix composite samples without precipitation strengthening and severe 
135 
strain hardening during consolidation, the load sharing, ACTE, and GND strengthening 
mechanisms can be combined to predict accurately the yield strength of the composites. 
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Abstract 
In a simplified composite design, an unalloyed Al matrix was reinforced by spherical Al-Cu-
Fe alloy particles (30 vol.%), using either commercial purity (99.7%) or high purity (99.99%) 
fine powders (dia.clOpm). This composite material was consolidated by either vacuum hot 
pressing (VHP) or quasi-isostatic forging. The spatial distribution of reinforcement particles 
in both VHP and forged samples was shown to be almost the same by quantitative 
characterization with a multi-scale area fraction analysis technique. The tensile properties of 
all composite samples were tested and the forged materials showed significantly higher 
strength, while the elastic modulus values of all composite materials were close to the upper 
bound of theoretical predictions. Neutron diffraction measurements showed that there were 
high compressive residual stresses in the Al matrix of the forged samples and relatively low 
Al matrix residual stresses (predominantly compressive) in the VHP samples. By tensile tests 
and neutron diffraction measurements of the forged samples after annealing, it was shown 
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that the high compressive residual stresses in the Al matrix were relieved and that tensile 
strength was also reduced to almost the same level as that of the VHP samples. Therefore, it 
was deduced that increased compressive residual stresses and enhanced dislocation densities 
in the forged composites raised the tensile strength to higher values than those of the VHP 
composites. 
Keywords: Metal matrix composites; Powder metallurgy; Residual stress; Strengthening 
mechanism. 
1. INTRODUCTION 
Metal matrix composites (MMC) have emerged as an advanced engineering material in the 
areas of aerospace and automotive industries [1,2]. They can be tailored to have superior 
properties such as high specific strength and stiffness, while providing weight savings and 
higher operating temperatures with proper design and fabrication over monolithic materials. 
Composites may also exhibit better thermal and mechanical fatigue and creep resistance than 
those of monolithic materials. However, the Al oxide coating on most commercially 
atomized powders is a severe barrier to sintering, especially solid state sintering, and unless 
thoroughly distributed in the microstructure of an Al MMC by extensive hot deformation 
processing, e.g., forging or extrusion, it can significantly reduce ductility and fatigue strength 
[3]. These disadvantages in processing and material cost and the lack of effective 
recyclability of ceramic reinforcement particles, such as SiC, motivate the development of 
alternatives for both reinforcement materials and Al matrix powder processing techniques [3]. 
In our former studies [4, 5], we reported the tensile properties of a new type of particulate 
reinforced Al matrix (PRA) composite material reinforced by spherical Al-Cu-Fe alloy 
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powders. The new PRA materials with 30 vol.% reinforcement particles were produced by a 
quasi-isostatic forging process and exhibited excellent elastic modulus (approximately 100 
GPa) and tensile yield strength, about 3 times higher than the specific matrix materials [4, 5]. 
A prior study also showed that fragmented SiC reinforcement particles in conventional PRA 
composites can cause intolerable tool wear during die pressing and tend to attack the counter 
materials in wear-prone service, such as in automotive belt pulleys [6]. Thus, in order to 
reduce the stress concentration around the typical angular reinforcement particles [7, 8] and 
to improve the ability for wear-resistant applications, spherical Al-Cu-Fe quasicrystal 
particles can be an excellent alternative reinforcement for Al matrix composites. 
In order to increase the strength and stiffness of the composite material, the reinforcement 
particle loading should be as high as possible. But previous studies showed that local 
reinforcement particle clustering may become a serious problem when the reinforcement 
loading is very high, e.g., at 30 vol.%. Some ceramic reinforcement particles that may 
become clustered, such as SiC, usually can not be sintered and bonded together at the 
consolidation temperature used for PRA materials. Weak bonding between these ceramic 
particles may play a major role in micro-crack initiation and growth, which can deteriorate 
the tensile properties of the PRA materials. Therefore, a high volume fraction of SiC, such as 
30 vol.%, usually is not used in most of current structural composites and extensive hot 
deformation of the composites is also needed to break the reinforcement particle 
agglomerations. In this report, 30 vol.% of the Al-Cu-Fe quasicrystal phase alloy particles 
was used in producing composites because it is possible that these alloy particles can be 
sintered and well-bonded with each other during composite consolidation and that a very 
homogeneous particle distribution can be obtained by existing powder blending techniques. 
In order to measure the reinforcement particle spatial distributions, a quantitative image 
analysis method, which is called multi-scale analysis of particle area fraction (MSAAF) [9], 
142 
will be used to quantitatively analyze and compare the particle spatial distributions in the 
composites of this study. 
Many aspects of the microstructures of PRA materials, such as particle size, shape, aspect 
ratio and precipitation in an Al alloy matrix, etc., can significantly affect the final tensile 
properties [7 -13]. Previous investigations of Al/SiC composites have also shown that a 
tensile type thermal residual stress in the Al alloy matrix can have a reverse contribution to 
the composite yield strength under uniaxial tensile loading conditions [14-15]. The 
compressive yield strength was shown to be higher than the tensile yield strength in Al/SiC 
composites [14-15]. The residual stresses in the Al matrix made by different processing 
methods were also measured by neutron diffraction in our previous study [16, 17] and its 
effects on tensile properties are examined in this paper. In some previous studies of the 
strengthening effect of Al alloy-based (Al 2080) composites, Krajewski and Chawla, et al. 
[18, 19] used a series of different thermomechanical treatments in the unreinforced Al alloy 
and in the composite samples. These distinct treatments were needed to achieve a similar 
precipitate density and distribution in the microstructure of the unreinforced Al alloy and in 
the composite matrix in order to compare their mechanical properties in an unbiased manner. 
In this study, a simplified elemental Al matrix composite system reinforced by spherically 
shaped AlCuFe alloy particles was used to clarify the consolidation effects on the composite 
tensile properties. By using an elemental Al matrix, the strengthening mechanisms from the 
reinforcement particles are truly isolated from matrix phase precipitation and aging effects. 
Earlier work [20] on the monitoring of elemental Al powder sintering had also demonstrated 
that both high purity (99.99%) and commercial purity (99.7%) of matrix powders would 
experience rapid solid state sintering in a die pressed compact at the selected consolidation 
temperature. In this article we will report microstructure and mechanical property results of 
commercial purity and high purity composite samples consolidated from either commercial 
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inert gas atomized (CIGA) powders or gas atomization reaction synthesis (GARS) [21] 
powders, respectively, using vacuum hot pressing or quasi-isostatic forging. The resulting 
microstructures and tensile properties of materials made by both of techniques will be 
compared. The effects of the spatial distribution of reinforcement particles and residual 
stresses in both kinds of samples will also be analyzed. 
2. EXPERIMENTAL PROCEDURE 
2.1 Materials 
Powders used for the two kinds of composite samples are shown in table 1. For the baseline 
experiments, commercially inert gas atomized (CIGA) Al and A^Cu^Fe^ quasicrystal 
powders were utilized. The CIGA Al powder (99.7% purity) had been evaluated thoroughly 
in earlier work [22-24] to characterize its surface oxide properties. A patented gas 
atomization reaction synthesis (GARS) technique [21] was used to produce 99.99% pure Al 
and Al-Cu-Fe quasicrystal (QXL) powders in our laboratory. 
Table 1. Powders used for AFF and GFF samples and consolidation methods. 
Sample name Powders used Purity 
AFF 
Forged / VHP 
CIGA Al powder (<10|im) 
4- 30 vol.% CIGA quasicrystal powder ( clO^im) 
99.7% 
GFF 
Forged / VHP 
GARS Al powder (< 10|im) 
+ 30 vol.% GARS quasicrystal powder (<10|im) 99.99% 
The Al and Al-Cu-Fe quasicrystal powders were air classified to less than 10 |im. The 
quasicrystal powders from both sources were screened subsequently through a 20 pm screen 
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to eliminate the residual large particles. The size distributions of A1 and quasicrystal powders 
were measured by a laser diffraction method and the results were reported previously [4]. 
2.2 Consolidation processing 
For making composite samples, first, A1 and quasicrystal powders were blended 
homogeneously. The volume fraction of quasicrystal powders in both AFF and GFF samples 
was 30%. Next, blended powders were cold isostatically pressed (CIP) at 200MPa for the 
quasi-isostatic forged samples and, slightly higher, 280 MPa for the VHP samples. The 
"green" samples from CIP were forged with a quasi-isostatic forging procedure by Ceracon, 
Inc. (Carmichael, CA) at a temperature of 550°C. Consolidation by vacuum hot pressing 
(VHP) was performed in our laboratories at 550°C. While die pressed compacts of the GARS 
A1 powder were found to sinter at a significant rate at only 500°C, compacts made from 
CIGA A1 powders needed at least 550°C to approach a reasonable rate for solid state 
sintering [20]. Thus, the forging or hot pressing temperature was chosen to allow both AFF 
and GFF compacts to experience significant solid state sintering during these solid state 
consolidation processes in order to make meaningful comparisons of final tensile properties. 
The parameters used in the consolidation procedures are shown in table 2 and table 3. The 
dimensions of the resulting bars after forging were approximately 5.5 cm by 2.5 cm by 1 cm 
and, after VHP, the bars were cylindrical in shape with a diameter of 19 mm and height of 
about 65 mm. 
Table 2. Quasi-isostatic forging procedure. 
Pre-heat 
Atmosphere 
Pre-heating Forge Temp. 
Forge 
Pressure 
Dwell at 
Pressure 
99.999% Argon 550°C,10min 550°C 635 MPa 5 second 
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Table 3. Vacuum hot pressing parameters. 
Temperature Soak at Temp. Pressure Dwell at Pressure 
550°C 6 hours 175 MPa 5 hours 
2.3 Other tests^ 
The Archimedes technique was used to measure the density of each forged or VHP sample. 
The elastic modulus of composites samples was measured by an ultrasonic method [25]. 
Tensile tests of consolidated composites were performed on an Instron model 1125 tensile 
test machine under 1.27 mm per minute monotonie loading. Sample dimensions were 6.35 
mm in diameter and 25.4 mm in uniform gauge length, according to ASTM 
recommendations [26]. Fractography of the composite tensile samples were examined on an 
AMRAY 1845 Geld emission scanning electron microscope. The reinforcement particles 
spatial distributions were measured by a multi-scale analysis of area fraction (MSAAF) 
technique which was described in detail elsewhere [15]. Some of the composite tensile 
samples made by forging were annealed at 550 C for 5 hours in a vacuum furnace in a 10"' 
torr level vacuum atmosphere before their tensile properties were measured by tensile tests 
described above. Neutron diffraction measurements were used to measure the residual 
stresses in the as-received and annealed forged composite samples, in the form of cubic 
coupons with dimensions of 3x3x3 mm\ For calculation of residual stress, atomized 
elemental A1 powders were used as stress-free standard materials. The details of the 
experimental procedure for the neutron diffraction measurement of residual stresses in 
composites have been described previously [16]. 
i Certain commerical equipment, instruments, or materials are identified in this report to specify adequately the 
procedures used. In no case does such identification imply recommendation or endorsement by the National 
Institute of Standards and Technology, nor does it imply that the materials or equipment identified are 
necessarily the best available for the purpose. 
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3. RESULTS 
3.1 General microstructures of composites 
The general appearance of the microstructures of AFF and GFF composites is shown in 
figure 1. The density of all the composites is 3.28 g/cm\ which is very close to the 
theoretical density of 3.3 g/cm^. The spherical shape of the reinforcement particles is also 
readily apparent in these SEM micrographs. Although the distribution of the reinforcement 
particles is generally uniform, there still exists particle clustering in some local areas. This 
clustering may have produced some deleterious effects in the early stages of fracturing of the 
material. In order to account for the effect of particle distribution on the tensile properties of 
the composite samples, the particle spatial distributions in all the composites were 
characterized by the MSAAF technique [15], which will be described later. The high 
magnification SEM pictures of those particle clustering areas are shown in figure 2. It is 
apparent that the particles that touch each other in the clusters are actually sintered and 
sintering necks between the particles can also be seen in the pictures. This capability of 
sintering between reinforcement A1 alloy particles may be a significant advantage over 
common ceramic reinforcement particles, such as SiC or AI2O3, et al., because the un-
sintered low bonding strength interface between reinforcement particles in such ceramic 
cluster areas can become a crack initiation site very easily during service. X-ray diffraction 
studies were done on these composite materials and the results were reported in another 
paper [17]. The X-ray diffraction analysis results showed that the Al-Cu-Fe quasicrystal 
phase in the reinforcement particles was transformed into an AlyCu^Fe (co) phase by the 
reaction between A1 matrix and particles during the P/M consolidation process [17]. 
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Figure 1. Microstructures of composite samples (a) AFF forged sample, (b) AFF VHP 
sample, (c) GFF forged sample and (d) GFF VHP sample. 
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Figure 2. High magnification SEM micrographs of reinforcement particle clusters in the 
composite samples (a) AFF forged sample, (b) AFF VHP sample, (c) GFF forged sample and 
(d) GFF VHP sample. 
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3.2 Tensile properties and fracture surfaces examination 
The tensile strength and elastic modulus (E) of the AFF and GFF composite samples are 
given in table 4. The ultimate tensile strength (UTS) shows a large enhancement when 
compared to the typical ultimate tensile strength, 90 MPa, of ingot processed 1100 Al. 
Tensile ductility of the composites is limited to about 1% strain for all the composites 
samples. Shown in table 4, the elastic modulus values of composites samples range from 97 
to 100 GPa. These values are very close to the theoretical upper-bound elastic modulus value 
of 99 GPa that was calculated by the rule of mixtures based on E values of pure Al and m 
phase Al-Cu-Fe alloy with an elastic modulus value of 168 GPa [17]. 
Table 4. Tensile strength and elastic modulus of pure Al matrix materials (CIGA Al and 
GARS Al), AFF and GFF composite samples/ 
Sample UTS (MPa) O0.2 (MPa) 
Measured 
elastic modulus 
(GPa) 
CIGA Al (forged) 147 88 71 
GARS Al (forged) 95 53 71 
AFF 
forged 310^ 265:!, 97 
VHP 233:;; 1993 99 
GFF 
forged 304^ 227:; 98 
VHP 238:: 191:;: 100 
*Note: the UTS and O0.2 values are the average values from 2-4 tensile samples. 
Figure 3 shows the fractography of failed tensile samples from the AFF and GFF tensile 
tests. All of the samples displayed a mixed fracture mechanism on the fracture surfaces. In 
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the Al matrix area, figure 3 shows ductile tearing ridges and micro-dimples around prior Al 
particles. Fracture occurred by grain boundary separation and brittle cleavage across the 
reinforcement particles. 
Figure 3. Fracture surfaces of (a) AFF forged sample, (b) AFF VHP sample, (c) GFF forged 
sample, (d) GFF VHP sample. 
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3.3 Particle distribution characterization by MSAAF technique 
MSAAF studies were performed at the Air Force Research Lab (AFRL) to analyze the 
particle spatial distribution of both forged and VHP composite samples. The detailed theory 
and analysis procedures of the MSAAF technique were reported in a previous paper [15]. 
The basic principle of MSAAF technique is to characterize the spatial heterogeneity in 
composite microstructures by obtaining statistical information about the variability of 
reinforcement particle area fractions over various length scales by quantitative image 
analysis methods. The smaller the length scale, the larger the variability will be. By taking 
large field of view pictures of microstructures of composites at the mm length scale, and, 
then, doing image analysis to characterize the particle area fraction at different length scales 
from this technique, the particle spatial distribution from very small scale (several microns) 
to relatively large scale (mm) can be quantitatively characterized. The high-resolution and 
(reverse) contrast enhanced, large field of view pictures of AFF and GFF forged and VHP 
samples are shown in figure 4. The actual length scale of these compressed high resolution 
micrographs is 1.2x1.2 mm and they were taken with a specialized SEM at the US Air Force 
Research Laboratory (AFRL). From the pictures, it is obvious that there is no serious large 
agglomeration area in all the composite samples. There are some clustering areas of very fine 
particles in the GFF forged samples, but from figure 4(d), it can be seen that most of the fine 
particles in these regions do not touch each other and are separated by Al matrix. Because 
these large field of view SEM pictures contained many thousands of reinforcement particles, 
the statistics of the MSAAF analysis of reinforcement particle spatial distribution should be 
reliable and accurate [15]. 
In Figure 4(a) and 4(b), it can be seen that there are some large (apparently singular) 
reinforcement particles (dark contrast) in AFF forged and VHP samples. In GFF type 
composites, there are almost no large reinforcement particles, as shown in Figure 4(c) and 
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4(d). It is possible that the large particles may reduce incrementally the tensile strength and 
ductility of these AFF type composites. 
#3? <4* 
ma 
200pm 
4(a) AFF VHP 
4(b) AFF Forging 
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Figure 4. Large Geld of view SEM pictures of composite samples, (a) AFF VHP, (b) AFF 
Forging, (c) GFF VHP and (d) GFF Forging. 
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The MSAAF analysis results of these composite samples are shown in table 5 and figure 5 
for assessing the particle spatial heterogeneity. In figure 5, the vertical scale is related to 
variability of particle area fraction and the horizontal scale is the length scale used to 
measure the particle area fractions. At a specified length scale in the MSAAF plot, a smaller 
variability of the particle area fraction implies a more homogeneous particle distribution. A 
new term is also defined, the homogeneous length scale 1#, which is equal to the length scale 
where MSAAF plot curves intercept the horizontal axis. At the length scale above Ly, the 
variability of particle area fraction measured will be smaller than the specified value, which 
is 0.01 in the figure 5. The smaller the Ly, the more homogeneous the particle distribution is. 
The slope of the right tail of the MSAAF curves can also be used to assess the particle 
distribution heterogeneity. The closer this slope is to -1.0, the more homogeneous is the 
particle distribution. A slope of -1 means a perfect random arrangement of reinforcement 
particles. 
In figure 5 showing the MSAAF results, the curves are derived from the curve-fitting of the 
ten analysis points [15]. The results show that, generally, the four kinds of composites have 
very similar homogeneity of particle spatial distributions and that only relatively small 
differences can be observed from MSAAF analysis plots. In terms of the homogeneous 
length scale and the slope, the VHP samples have relatively better homogeneity because they 
have lower Ly values and their slopes are closer to -1 than the forged samples. 
Another observation from the MSAAF plots is how homogeneous each material is at small 
length scales. Between about 1 and 20 microns, the forged composite material appears to be 
slightly more homogeneous than the VHP material because the curves of both forged 
samples lie below the curves of both VHP samples in Figure 5. This could be due to the 
forging process being better at breaking-up agglomerations of reinforcement particles 
because of greater pressures and more inter-particle shear involved, relative to VHP. More 
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heterogeneity in the forged materials microstructures is indicated by the MSAAF plots in the 
length scales larger than approximately 20p.m, since the forged material curves lie above the 
VHP curves at larger size scales. 
Table 5. Reinforcement particles distribution characterization results in all composite 
samples. 
material slope I# (0.01) (pm) 
AFF-forging -0.85 1560 ±50 
AFF-VHP -0.94 1170 ±40 
GFF-forging -0.84 1720 ± 60 
GFF-VHP -1.02 825 ± 25 
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Figure 5. Reinforcement particle distribution characterization by MSAAF technique (a) AFF 
samples and (b) GFF samples. 
4. DISCUSSION 
4.1 Tensile Strength Comparison 
As shown in Table 6, compared with the tensile properties of elemental Al matrix materials, 
including CIGA Al and GARS Al, which are shown in Table 4 [20], the increases of Y.S. 
and UTS of all the AFF and GFF composite materials are very significant. These Y.S. 
enhancement values are remarkably high, compared with the yield strength increases 
reported for similar Al/SiC (< 10 pm) composites. Examples include Y.S. increases of 88 
MPa for 1100/SiC/20p [27], about 50 MPa for 6061/SiC/20p, and about 100 MPa for 
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6061/SiC/30p [12]. These unusual tensile property increases of the composite materials were 
discussed in a previous report [4]. 
The results also showed that the strength enhancement values of VHP composite samples are 
apparently lower than those of the forged composite samples. Because the initial powder 
materials used for AFF and GFF samples produced by forging and VHP methods are actually 
the same and the particle spatial distribution in forged and VHP composites are also shown 
(see Fig. 5) to be almost identical, there must be some other factors related to these two 
processing methods that significantly affected the Anal tensile properties. Therefore, the 
residual stresses of these composite samples that resulted from phase transformation of 
quasicrystal to m phase and from the elevated temperature processing procedures were 
measured by neutron diffraction. The detailed neutron diffraction measurements and results 
were reported elsewhere [16]. The effect of residual stresses on the tensile properties of the 
composites is discussed in the following section. 
Table 6. Comparison of UTS and Y.S. between composite materials. 
Strength increase compared 
with Al matrix 
AFF 
forged 
AFF 
VHP 
GFF 
forged 
GFF 
VHP 
AUTS 
MPa +163 +86 +209 +143 
Percent 111% 59% 220% 151% 
AY.S. 
MPa +177 +111 +174 +138 
Percent 201% 126% 328% 260% 
Note: Y.S. - yield strength, defined as the stress at a plastic strain of 0.2%. 
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4.2 Effect of Compressive Residual Stresses in Al Matrix 
In Figure 6 the residual stresses in the Al matrix of composite materials produced by VHP 
and forging methods are presented [16]. The residual stresses in Figure 6 were calculated 
from (111) lattice plane data, using as-atomized elemental Al powder as a stress-free do 
standard. It is apparent that the forged composite materials have consistently higher 
compressive stresses in the Al matrix than the VHP samples. The coefficient of thermal 
expansion (CTE) of the m phase (15.5xlO"^K[16]) is lower than that of the Al phase 
(23.6xlO~*K"^), which is expected to produce a significant contribution to a tensile type 
residual stress in the Al matrix, similar to the residual stresses in most Al/SiC composites. 
However, the residual stress results for the Al matrix of the Al/AlCuFe composite materials 
are quite large and of a compressive type. The only exception is the AFF VHP sample where 
the Al matrix residual stress is a small tensile stress. 
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Figure 6. Residual stresses in Al matrix of AFF and GFF forged and VHP composite samples 
determined by neutron diffraction [16]. 
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To explain this unusual behavior, it can be noted that during consolidation processing, by 
either forging or VHP, almost all of the Al-Cu-Fe quasicrystal phase particles (density p = 
4.7g/cnf) were reacted with the Al matrix and transformed to a lower density m phase (p = 
4.18g/cm^). Therefore, the significant volume expansion (about 12%) of the reinforcement 
particles becomes a major effect for producing compressive residual stresses in the Al matrix. 
As a low strain rate and relatively long time (5 hours) processing method with very slow 
(furnace) cooling, vacuum hot pressing is similar to a high temperature annealing treatment 
for these composite materials. Thus, it would be expected that the residual stresses in VHP 
samples are much lower than those inside the quasi-isostatic forged materials that experience 
a high strain rate and short dwell time (10 minutes) with a rapid (approximately 10^ °C/min) 
cooling rate. 
Figure 7 further compares the Y.S. and UTS of all the composite samples. Showing the same 
trend as the residual stresses in Al matrix shown in Figure 6, the Y.S. and UTS of both AFF 
and GFF forged samples are significantly higher than those of the VHP samples. 
Furthermore, the numerical stress differences of the Y.S. and UTS between forged and VHP 
samples look similar to the residual stress differences. In other words, it appears that an extra 
increment of UTS, for example, is added to the forged samples by the need to first relieve 
compressive residual stress in the matrix before the tensile stress of the test can be borne. To 
study the residual stress effect on the tensile strength, the AFF and GFF forged tensile bars 
were annealed at 550 C for 5 hours and furnace cooled, which is the same temperature and 
time the VHP samples experienced. The residual stresses and tensile strength of these 
annealed samples were then measured by neutron diffraction and tensile tests. Unfortunately, 
during the tensile test of the AFF forged and annealed sample, the tensile bar was broken at 
the threaded grip region, so that only the tensile test of the GFF forged and annealed sample 
was successfully performed, as shown in Figure 8. However, the residual stresses in the Al 
matrix after annealing of both AFF and GFF samples were measured and are compared to the 
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previous results in Figure 9. It is possible that the AFF forged and annealed sample 
experienced premature failure due to embrittlement from thermally induced porosity [28] and 
this possibility is under investigation. 
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Apparently from figure 9, after a long annealing time the relatively large compressive 
stresses in the Al matrix of the forged samples were relieved. The final balance of effects 
resulted in residual tensile type stresses, which can be explained by the CTE mismatch of the 
Al matrix and the reinforcement phase. Additional elevation of the residual tensile stress in 
the matrix, above the VHP levels, may be explained by other changes in the dislocation 
densities or composite microstructures that can occur during annealing. 
Figure 10 shows a fracture surface of the forged and annealed tensile sample, which still 
exhibits ductile tearing of the Al matrix and broken reinforcement particles, similar to the 
fracture surfaces of the un-annealed tensile samples, shown in Figure 3. The differences of 
both Y.S. and UTS of GFF VHP and GFF forged and annealed samples are very small, as 
shown in Figure 8. The Y.S. difference is about 13 MPa and the UTS difference is only 3 
MPa. Two observations can be made. First, we can see that the annealing of the forged 
sample does result in a significant decrease of the tensile properties; the Y.S. and UTS of the 
Figure 10. SEM fractography of the forged and annealed GFF composite tensile sample. 
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annealed GFF sample were reduced by 49 MPa and 69 MPa, respectively. Second, the tensile 
strength of the GFF forged sample after annealing is almost the same as that of the GFF VHP 
composite samples, even though a slight residual tensile stress has been observed in the 
annealed sample. 
From current residual stress measurement results, it may not be possible to derive a 
quantitative relationship between the residual stress values and the tensile strengths. Similar 
to the effect of tensile residual stress in Al/SiC composites, it can only be qualitatively 
inferred that a high compressive residual stress in the Al matrix may promote the tensile 
strength of the forged AFF and GFF composites. Of course, the residual stress itself may not 
be the only factor affecting the tensile strength of the composites. It is also possible that the 
minor inter-particle shear characteristics [29] or a sub-grain dislocation array structure may 
have played a role in enhancing the tensile properties of the composite materials made by the 
quasi-isostatic forging process. Some inter-particle shear was indicated by earlier 
microstructural analysis which showed that the quasi-isostatic forging process results in grain 
anisotropy of about 1:1.68 [20], compared to essentially an ideal equi-axed grain matrix for 
the VHP process [29]. Although we have no direct evidence of this, we also know that the 
quasi-isostatic forging process, which is a high strain rate, high consolidation pressure 
(635MPa), and rapid cooling process, should produce and retain a higher dislocation density 
in the matrix than the VHP process, which involves a low strain rate, relatively low pressure 
(175MPa), and slow cooling. 
5. CONCLUSIONS 
1. Elemental Al-based composites reinforced with 30 vol.% of spherical Al-Cu-Fe alloy 
powders were produced by quasi-isostatic forging and by VHP processing methods. 
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Elastic modulus measurement results for both kinds of composites are almost the same 
and the modulus values are very close to the upper bound predictions of the rule of 
mixtures. UTS and Y.S. of both types of composites were increased over the 
corresponding Al matrix values significantly and forged samples showed significantly 
higher tensile strength than VHP samples. Composite samples made from GARS 
powders, the GFF samples, exhibited a higher strengthening effect and ductility than the 
samples made from commercial Al powders, which may result from improved inter-
particle bonding due to the reduced oxide surface 61ms of the GARS powders. Particle 
cracking of the reinforcement particulate was a dominant failure mechanism for the 
composites of both types under tensile loading, implying that there is sufficient interfacial 
bonding between the reinforcement particles and Al matrix to achieve full benefit from 
the reinforcement. We also observed that Al-Cu-Fe reinforcement particles can be 
sintered together to form strong agglomerates. 
2. As shown by quantitative analysis of the reinforcement particle spatial distribution in all 
composite material samples for a wide range of length scales, the high level of 
reinforcement particle dispersion was almost the same in the forged and VHP samples. 
Therefore, the significant tensile strength differences between forged and VHP composite 
samples may not result from any minor particle spatial distribution differences. 
3. Compressive residual stresses formed in the Al/Al-Cu-Fe alloy composite materials 
during consolidation appear to be very beneficial to the tensile properties. The high strain 
rate and short processing time of quasi-isostatic forging probably were responsible for 
higher compressive residual stresses in the Al matrix and, presumably, a higher 
dislocation density than VHP processed materials. After annealing for about the same 
time as the duration of the VHP process, the tensile strength of a forged composite 
sample was reduced to the same strength level as that of the VHP composite samples. 
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Relief of the compressive residual stresses was verified after annealing by neutron 
diffraction. 
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Abstract 
An unalloyed Al matrix was reinforced by spherical Al-Cu-Fe alloy particles, using either 
commercial purity (99.7%) or high purity (99.99%) powders (dia.<10pm) and consolidated 
by either vacuum hot pressing or quasi-isostatic forging. Unusually pronounced 
strengthening in this simple metal matrix composite system prompted the in-situ study of 
residual stress effects in these samples to understand its possible role in the behavior. 
Residual stresses were measured in composites reinforced by 15,20, and 30 vol.% 
reinforcement particles. Contrary to typical Al/SiC composites, the Al matrix exhibits 
compressive residual stresses. This unusual stress state may be promoted by a combination of 
effects including volume expansion of reinforcement particles caused by a phase 
transformation and the stiffness mismatch between the matrix and reinforcement phases. 
Matrix/reinforcement load transfer was also studied by neutron diffraction, using an in-situ 
tensile frame. It was found that the load bearing stress ratio of reinforcement and matrix 
phases increases linearly with the reinforcement volume fraction. The composites produced 
from metal powders with a thinner oxide surface layer showed higher load transfer efficiency 
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than the composites made from commercially atomized metal powders, as expected from the 
higher observed strength in the higher purity ocmposites. 
Keywords: Neutron diffraction, Metal matrix composites, Residual stresses, Load 
partitioning. 
1. Introduction 
Internal residual stresses are produced in most materials after various kinds of thermal 
mechanical processing. This is especially true for metal matrix composites (MMC), in which 
thermal residual stresses can result from mismatch of the coefficients of thermal expansion 
(CTE) between matrix and reinforcement phases. Thermal residual stress caused by CTE 
mismatch between phases is a type of micro-stress that exists at the grain size scale in 
composite materials [1-3]. In Al/SiC composites, usually there is a tensile type thermal 
residual stress in the A1 matrix and a compressive stress in the SiC [3] because the CTE of 
SiC is much lower than that of Al. The properties of MMC materials, such as yielding 
strength, creep and fatigue behaviors are significantly affected by these thermal residual 
stresses. Therefore, the ability to tailor or characterize the internal stresses is very important 
for fully utilizing the advantages of MMC materials. Neutron diffraction has proven to be 
very effective and accurate for non-destructively measuring the internal residual stresses [4-
6]. It has several major advantages compared with conventional hole-drilling or x-ray 
diffraction methods, such as relatively large penetration depth and simultaneous 
measurement of the strains of multiple phases. 
With proper apparatus design, the stress and strain states of different phases in an MMC can 
be measured in-situ by neutron diffraction during various kinds of mechanical tests [7-8]. 
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Such in-situ tensile tests have been used to determine the actual load bearing capacities of the 
matrix and reinforcement phases [4, 5, 7, 8]. The results showed qualitatively that the 
reinforcement phases have higher internal stresses than the A1 matrix. Further analysis of the 
load sharing distribution between matrix and reinforcement phases in the current MMC 
samples may help to demonstrate quantitatively how the external load is partitioned between 
Al matrix and Al-Cu-Fe reinforcement particles. The results may also advance the state of 
understanding the load transfer strengthening mechanisms of composite materials, in general. 
In our recent research [9, 10], results on elemental Al matrix composites, reinforced by 30 
vol.% of spherical Al-Cu-Fe alloy particles and consolidated by quasi-isostatic forging, were 
introduced. The UTS and yield strength of this model composite material were improved 
over the matrix properties by 111% and 220%, respectively, for the commercial purity 
composite sample. Remarkably, the UTS and yield strength of the composite were improved 
over the matrix properties by 201% and 328%, respectively, for an equivalent composite 
material produced from metal powders with much thinner oxide surfaces. The elastic 
modulus values of these composites, in both versions, are very close to the theoretical upper 
bound value from the rule of mixtures for 30 vol.% loading. These results suggested that 
potential reinforcement phases for PRA materials should be broadened from refractory 
ceramics to include, e.g., intermetallic compounds that also can form a strong bond with the 
Al matrix by solid state sintering. Such composites made from powders with a thinner oxide 
surface can achieve significant improvements in tensile properties over the same composites 
made from commercial powders with thick oxide and impurity surfaces [11]. The unusually 
pronounced strengthening in this simple metal matrix composite system also prompted the 
study of residual stress and load partitioning effects in these samples to understand their 
possible role in the composites strengthening behavior. 
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In this paper, the above mentioned elemental Al matrix composite system, which was made 
from elemental Al and spherical Al^CuzsFeiz quasicrystal alloy powders by powder 
metallurgy techniques, was used to investigate the effects of consolidation and reinforcement 
volume fraction on the residual stresses and load partitioning between phases. 
2. Materials and Experimental Procedure 
2.1 Sample constituents and P/M consolidation methods 
Table 1 identifies the metal powders that were used to fabricate the composite samples in this 
study. Two kinds of composite material samples (AFF and GFF) were consolidated by 
vacuum hot pressing (VHP). Quasi-isostatic forging was used to produce the 30 vol.% 
loading AFF and GFF composite materials. Gas atomization reaction synthesis (GARS) is a 
technique patented by Ames Lab, U.S. DOE [12]. The metal powders made by this technique 
have a much thinner oxide surface layer and less chemisorbed water on the powder surfaces 
than commercial metal powders. Therefore, GARS metal powder can exhibit better sintering 
kinetics, relatively clean interfaces, and higher bonding strength between particles. Detailed 
descriptions of this technique and studies on the GARS powder can be found in other 
references [11, 13]. A typical x-ray diffraction pattern of the as-atomized structure of both 
CIGA and GARS Al-Cu-Fe quasicrystal powders is shown in Figure 1. The results reveal 
that there are two phases in the Al-Cu-Fe reinforcement powder which include the major 
AlgsCuzsFen quasicrystal phase and some |3-Al(Cu, Fe) phase. 
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Table 1. Powders used for pure Al and Al matrix composite samples. 
Sample 
Powders used 
name 
AFF-15 
AFF-20 
CIGA Al powder (<10p.m) 
AFF-30 
+ (15, 20, 30 vol.%) CIGA AlCuFe powder ( <10|im) 
Composite 
GFF-15 
materials 
GFF-20-L GARS Al powder (< 10|im) 
GFF-20-H + (15, 20, 30 vol.%) GARS AlCuFe powder (<10|im) 
GFF-30 
Note: CIGA - commercial inert gas atomization, 99.7% purity, 
GARS - gas atomization reaction synthesis, 99.99% purity. 
The processing parameters for forging and VHP processes are shown in table 2 and table 3, 
respectively. The consolidation temperature of both processes was 550°C. The samples were 
held at this temperature under pressure for 10 minutes for forging and 5 hours for VHP. The 
pressure used in the forging process was 635 MPa, which is much higher than the 175 MPa 
pressure used in the VHP process. 
Table 2. Quasi-isostatic forging parameters. 
Pre-heat 
Atmosphere 
Forge Temp. Soak at Temp. Forge 
Pressure 
Dwell at 
Pressure 
99.999% Argon 550°C 10 min 635 MPa 5 second 
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Table 3. Vacuum hot pressing parameters. 
Temperature Soak at Temp. Pressure (MPa) 
Dwell at Pressure Cooling Rate to 
Room Temp. 
550°C 6 hour 175 5 hour 250°C/hr. 
Note: GFF-20-H sample was vacuum hot pressed at 2^ 15 MPa. 
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Figure 1. X-ray diffraction of Al-Cu-Fe quasicrystal metal powders. 
2.2 Neutron diffraction 
Determination of internal stresses in the material phases by neutron diffraction was 
accomplished in a similar manner as x-ray diffraction. Using a monochromatic neutron beam, 
the lattice spacing of a particular phase can be determined by Bragg's law of diffraction, 
2^w sin ^ O) 
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where dhw is the lattice spacing of (hkl) planes, 28hki is the diffraction angle and X is the 
neutron wavelength. With the value of dwu, the strain can be determined from, 
f = = M (2) 
do 
where do the lattice spacing measured from the stress-free standard material. For the internal 
stresses measurements in this paper, high purity or commercial purity Al powders were used 
as stress-free standard materials. The hydrostatic stress state was assumed for all the residual 
stress measurements. Thus, the residual stresses determined from the above standard 
materials were calculated by using following equation, 
<3) 
where E is the Young's moludus of Al(l 11) lattice plane. Poisson's ratio of Al (111), u, is 
equal to 0.3516. The residual stress in the reinforcement particles was calculated by the stress 
balance relationship, as follows, 
where Vf and V# are the volume fraction of reinforcement and Al matrix phases, and o, and 
Om are the internal stresses inside the reinforcement particles and Al matrix, respectively. 
The neutron studies were conducted with the neutron spectrometer at the NIST (National 
Institute of Standards and Technology) Center for Neutron Research, Gaithersburg, MD. For 
phase residual stress measurement, the composite samples were made by VHP as disks, 5mm 
thick, 19mm diameter. The monochromator used for neutron diffraction was silicon (311) 
with a d-spacing of 1.6374 A. The neutron wavelength was 2.4337 A. A gauge volume of 
5x5x5 mm was used for all stress-free standard Al powders and residual stress 
measurements. 
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A fully computer controlled load frame with a 10 kN load cell was used for the in-situ load 
sharing measurements in composite samples. The gauge length of the cylindrical tensile 
samples was 12.7 mm and the diameter was 3.78 mm. The stress-free standards (do) for the 
Al matrix and reinforcement particles were the lattice parameters measured from load free 
tensile samples. A gauge volume of 2x2x7 mm was used for the tensile samples without 
load, in which the longitudinal direction of the tensile samples is the z direction. A gauge 
volume of 5x5x5 mm was used for the tensile samples with applied load. Al ( 111 ) and m 
phase (214) peaks were chosen for all the residual stress and load partitioning measurements 
because these peaks have relatively high intensities and do not overlap with other peaks. The 
elastic modulus of the AlyCuzFe (m) phase was measured by in-situ compression tests, using 
neutron diffraction to measure the lattice strains. The compression test bar of m phase had a 
dimension of 4x4x15 mm. 
2.3 Other tests 
The Archimedes technique was used to measure the density of the composite material 
samples. Microstructures of the as-received composite materials were mechanically polished 
without any etching and examined on an AMRAY 1845 field emission scanning electron 
microscope. X-ray diffraction characterization of composite samples was performed using a 
Philips PW1830 generator with Cu K* radiation. 
3. Results 
3.1 Microstructures and x-ray diffraction of composite materials 
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Figure 3 shows a cross-section microstructure of an AFF forged composite material with 30 
vol.% of reinforcement particles, which represents a typical microstructure of all the 
composite materials. The bright phase is the Al-Cu-Fe alloy particles and the dark phase is 
the Al matrix. Micrographs of all the other composite materials can be found in another paper 
[14]. The density measurements of the composite materials are shown in tables 5 and 6. The 
density of the GFF-20-L sample is obviously not fully dense and lower than the density of 
the GFF-20-H sample. As reported in reference [14], the GFF-20-L sample's tensile 
properties and load transfer capability, measured by neutron diffraction are also inferior to 
the GFF-20-H sample. The residual stress data of the GFF-20 sample reported in this paper is 
from GFF-20-L, which was the only sample of this type available for this measurement, but 
was consolidated with the same VHP processing parameters as all other GFF type samples, 
while the load partitioning measurement result is from GFF-20-H. The density of all other 
composite samples is very close to the theoretical density calculated from the rule of 
mixtures equation. Macroscopically, the distribution of reinforcement particles in the Al 
matrix is very homogeneous, although there is some local clustering of fine particles due to 
the high volume fraction of the reinforcement particles. 
Figure 3. Typical general microstructures of the composite material sample, AFF forging 
composite material with 30 vol. % of reinforcement particles. 
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Table 5. Density of all VHP composite material samples. 
Samples AFF-15 GFF-15 AFF-20 GFF-20-L GFF-20-H AFF-30 GFF-30 
Density 
(g/cm^) 3.0 3.0 3.09 3.06 3.09 3.28 3.28 
Theoretical 
density 
(g/cm^) 
3.0 3.1 3.3 
Table 6. Density of quasi-isostatic forging composite material samples 
Samples AFF-30 forging 
GFF-30 
forging 
Density 
(g/cnf) 3.28 3.28 
X-ray diffraction patterns of the AFF-30 and GFF-30 forged composite materials are shown 
in Figure 4. These two forged composite materials were used to measure the load partitioning 
in matrix and reinforcement phases and their residual stress measurement results were 
reported elsewhere [15]. The x-ray diffraction results of all the other VHP composite 
materials can be found in one other report [14] and their x-ray diffraction patterns are similar 
to that of the GFF-30 forged sample. Thus, all of the composites are composed of Al phase 
and AlfCuzFe crystalline phase (oo phase). The initial Al-Cu- Fe quasicrystal phase particles 
reacted with the Al matrix and transformed into m phase. The only exception is the x-ray 
pattern from the AFF-30 forged sample, shown in Figure 4, which contains a small peak 
from Al63Cu2sFei2 quasicrystal phase, indicating that there was some amount of residual 
quasicrystal phase. 
During high temperature processing, such as quasi-isostatic forging and the VHP procedure, 
the Al can diffuse into quasicrystal particles and produce a more Al-rich m phase [12]. For 
the composite samples made from VHP, almost all the quasicrystal phases transformed into 
m phase because there was a relatively long dwelling time (5 hours) at high temperature and 
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Figure 4. X-ray diffraction of forged composite materials (a) AFF-30 and (b) GFF-30. 
also a slow cooling rate in the furnace, which appears to be quite sufficient for the phase 
transformation [14]. For the composite materials made by the forging process, the CIGA 
powders have a relatively thick oxide and impurity layer on the powder surfaces. Since this 
layer which can act as a strong obstacle for Al diffusion [11, 16] and the forging processing 
time is short (10 minutes), it is reasonable that the AFF forging sample still has some amount 
of residual quasicrystal phase. The GFF samples were made from high purity GARS powders 
with much thinner oxide and impurity surfaces, in which Al diffusion from matrix to 
reinforcement particles is faster and easier. Therefore, all of the quasicrystal phases in the 
GFF forging sample appeared to transform into m phase and no x-ray diffraction peak from 
quasicrystal phase can be observed. More detailed characterization and comparison of the 
effect of powder surface chemistry on elemental inter-diffusion and sintering behavior of 
CIGA and GARS metal powders can be found in previous reports [11,16]. The significant 
effect of this phase transformation on the residual stresses in the VHP processed composite 
materials will be discussed later. 
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3.2 Residual stresses in composite materials 
The residual stresses in Al matrix calculated from d-spacing and elastic modulus 
measurements are shown in Figure 5. The elastic modulus of the Al (111) lattice plane used 
for calculation of residual stresses is 72.4 GPa, according to a study by Gnàupel-Herold [17]. 
The uncertainties of the residual stress data in Figure 5 are from the Al (111) lattice spacing 
measurement. Almost all of the VHP composite materials show compressive residual stresses 
in Al matrix except the AFF-30 VHP sample, which shows a low tensile type residual stress. 
It seems that there is a decreasing compressive stress with increased reinforcement volume 
fraction, which appears to be linear in the results for AFF VHP samples. Another observation 
is that the GFF VHP samples exhibit relatively higher compressive stresses in the matrix than 
the AFF VHP samples for all three volume fraction loading cases. 
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Figure 5. Residual stresses in the Al matrix of VHP composite materials. 
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3.3 In-situ load sharing stresses measurement 
Using an in-situ tensile strain frame during neutron diffraction measurement, lattice strains of 
Al (111) and m (214) planes of VHP and forged composite samples were measured while 
applying uniaxial tensile load. The load sharing of the phases was only measured in the 
elastic deformation range of the composite materials. Applied stresses during the tensile tests 
ranged from 0 to 90 MPa. For composite samples with 15 and 20 vol.% loading, the applied 
stress was from about 0 to 50 MPa. The load sharing stresses of Al matrix and m phase 
reinforcement phases were calculated from measured lattice strains and the elastic modulus 
of corresponding lattice planes. Figure 6 shows the lattice strain and applied stress 
relationship from a compressive test of the m phase sample. Linear regression of the data 
shows that the elastic modulus of the m (214) plane is about 204.5 GPa, which was used to 
calculate the m phase stresses. 
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Figure 6. Neutron diffraction measurement of m phase (214) plane lattice strain under 
compressive stresses. 
Using the Al and m phase stresses as x and y axes, respectively, the phase stress results are 
plotted in Figure 7. The "bearing stress ratio" of reinforcement phases, o„ and Al matrix 
m « phase (214) 
S 
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stress, OAi, for ail composite materials can be obtained from a linear fit of the data points in 
the plots in Figure 7. The bearing stress ratios are all above one, which means that the 
reinforcement phase shared higher internal stresses than the Al matrix. The higher the 
bearing stress ratio, the more is the portion of the external load that is transferred to the 
reinforcement phase. Because of a lack of available sample material, the load sharing stresses 
of the phases in the AFF-30 VHP and GFF-30 VHP composite materials were not measured 
by the in-situ tensile test. Instead, the load partitioning of the AFF-30 and GFF-30 forged 
samples were measured. 
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Figure 7. Bearing stresses ratio ( ^ ) of Al matrix and m phase calculated by linear 
regression of the neutron diffraction measurement results of (a) AFF-15 VHP, (b) GFF-15 
VHP, (c) AFF-20 VHP, (d) GFF-20 VHP, (e) AFF-30 forged and (f) GFF-30 forged samples. 
4. Discussion 
4.1 Residual stresses in Al matrix and reinforcement particles 
There are several factors that affected the residual stress formation in the composites. The 
first one is most likely the phase transformation of Al^CuzsFeiz quasicrystal phase to 
Al?Cu2Fe (m) phase during composite consolidation. Because the quasicrystal phase has a 
higher density than co phase, as shown in Table 7, there is a volume expansion of the 
reinforcement particles after the phase transformation into m phase. This internal source of 
volume expansion should produce a compressive stress state in both Al matrix and 
reinforcement particles when the external VHP or forging pressure resists the volume 
expansion of the composite sample in the VHP die or forging "can." At this stage (within a 
constraint) in the analysis, it seems that an increased volume fraction of m phase will produce 
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a higher compressive stress in both phases. However, if the volume fraction of co phase is 
increased, it is not clear what trend in the stress state of the Al matrix to expect after the 
constraint is removed. 
Table 7. Properties of Al^Cu^Feiz quasicrystal phase and AlvCuiPe (m) phase. 
Density (g/cnf) CTE (xlO^K"') 
AlssCuzsFeiz 4.7 12.6 
A^CuzFe 4.18 15.45 
During cooling of the composites from high temperature to room temperature, the other 
prominent factor, the mismatch of the CTE properties of the Al matrix and m phase, should 
also affect the residual stress, regardless of any external constraint. The CTE of the elemental 
Al matrix is 23.6xlO"*K^ and the CTE of the m phase is only 15.45xlO"*K"\ which was 
measured by a TMA method, as shown in Figure 8. Therefore, there is more thermal 
shrinkage in the Al matrix than there is in the reinforcement particles and, hence, the Al 
matrix may accumulate residual tensile stress during cooling of the composite material. Just 
like the source of residual tensile stress in Al/SiC composite material [1,2], this type of 
ACTE should make the residual stress in the Al matrix more positive. In other words, any 
compressive residual stresses remaining in the Al matrix will be reduced by the ACTE effect. 
When the external applied VHP or forging pressure is released after consolidation of the 
composites, the stiffness mismatch of Al and m phase should alter the stress balance of 
matrix and reinforcement phases initially constrained in the die, and should increase the 
compressive stress in the Al matrix, which has a lower stiffness than the reinforcement 
particles. From the data in Figure 5, it seems that at low m phase volume fraction, phase 
transformation and stiffness mismatch effects dominate and the residual stress is more 
negative, and at high m phase volume fraction ACTE effect dominates, which make the 
residual stress more positive. 
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Because the Al atoms must diffuse into reinforcement particles for the transformation of the 
quasicrystal phase into m phase, the diffusion of Al, which affects the phase transformation 
kinetics and transformed volume, may also have a secondary effect on the residual stress 
evolution. This transport of Al atoms from matrix to reinforcement phase may reduce slightly 
the compressive stress state during the transformation. The interface chemistry between Al 
matrix and reinforcement particles, which shows a significant effect on metal powder 
sintering [9-12], may also affect the Al diffusion rate and alter the transformation reaction 
kinetics. Thus, a complex combination of the above factors seems to be the cause of the net 
compressive residual stresses in the Al matrix of essentially all of the composite materials. 
Therefore, based on the above discussion of the complexity of residual stress formation in the 
Al matrix, it appears that in-situ X-ray or neutron diffraction measurements of the 
icosahedral (quasicrystal) to tetragonal (m) phase transformation and the evolution of residual 
stresses during composite consolidation are needed to gain insight on the unresolved issues. 
Another experimental question is raised by Figure 5, which shows that the GFF VHP 
samples exhibit consistently larger compressive stresses than the AFF VHP samples. The 
differences between these residual stress values increase when the reinforcement volume 
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fraction becomes higher. As stated previously, the powder surface chemistry between AFF 
and GFF samples may affect the Al diffusion and phase transformation kinetics, and also 
influence the residual stresses. Because of the differences in interface oxide and impurity 
layer thickness between the initial powders used for producing AFF and GFF samples [9-12], 
the kinetics of the Al diffusion into the quasicrystal particles and, hence, the kinetics of phase 
transformation of AFF and GFF samples were expected to be different. The thinner oxide 
layer associated with the GARS powders may promote a more rapid phase transformation in 
GFF samples than in AFF samples. In other words, there may be more m phase formed in 
GFF samples. The experimentally measured residual stresses in Figure 5 reveal that the 
volume expansion of the particles may have been more significant in GFF samples than in 
AFF samples, resulting in higher compressive residual stresses in GFF samples. For the 
quasi-isostatic forging process, which was performed at high temperature for only about 10 
minutes, the x-ray patterns of produced AFF and GFF composites in Figure 4 showed that 
there is still a quasicrystal peak from the AFF sample, while there is no obvious quasicrystal 
peak appear in the GFF sample. This observation suggests that the phase transformation 
kinetics are reduced in AFF, compared to composite materials, but in-situ neutron or X-ray 
diffraction measurements would be useful again to provide direct evidence. 
4.2 Load sharing in Al matrix and reinforcement particles 
Figure 9 presents a comparison of load bearing ratios of both AFF and GFF composites with 
different reinforcement volume fractions. For both AFF and GFF composites, the bearing 
stress ratios can be seen as increasing monotonically with the reinforcement volume fraction 
up to 30 vol. %. A linear fit of the bearing stress ratio data shows a slope of 0.051 for the 
GFF type composites, while the AFF type of composites only shows a slope of 0.018, which 
means the bearing stress ratio of GFF composites increases at a rate of almost 3 times higher 
than that of the AFF composites. Because the bearing stress ratio is a measurement of load 
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transfer capability from matrix to reinforcement phase, the higher the bearing stress ratio, the 
higher the load transfer capability of the composites and, hence, the more load transfer 
strengthening can be obtained. The more significant increase of the bearing stress ratio of the 
GFF composites, compared to the AFF composites, implies that the external load on the 
composites can be much more efficiently transferred to the reinforcement phase in GFF 
composites. This is most likely the reason why the strengthening effect of the GFF 
composites is always higher than AFF composites, which can be seen in other reports on the 
tensile properties of these two kinds of composite materials [9,10, 14]. 
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Figure 9. Relationship between bearing stress ratio of composite materials and 
reinforcement volume fraction. 
In our previous studies, many observations were reported of the effect of the metal powder 
surface chemistry on the sintering kinetics and interface microstructures of sintered powders 
or consolidated composites [9-12,14, 15]. These results consistently show that a metal 
powder with thinner oxide layer and less chemisorbed water on the surface will remarkably 
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enhance the solid state sintering kinetics and tensile properties of the consolidated materials 
[9-12,14, 15]. Therefore, we can also attribute the higher load transfer efficiency of the GFF 
sample to the initial high purity Al and reinforcement alloy powders with thinner oxide 
surface layers, which promotes increased bonding strength between the matrix and 
reinforcement particles. 
5. Conclusion 
1. Neutron diffraction measurements show that composites consolidated from Al and 
Al^CuzsFeiz quasicrystal alloy powders have compressive residual stress in the Al matrix. 
This compressive residual stress may be promoted by the combination of several factors, 
such as the volume expansion of the reinforcement particles caused by phase 
transformation of the quasicrystal phase to a lower density crystalline phase and the 
stiffness mismatch of the matrix and reinforcement phases. The compressive stresses are 
likely reduced by effects including the ACTE between matrix and reinforcement phases and 
Al diffusion from matrix into the reinforcement particles. Further in-situ neutron diffraction 
measurement during a consolidation process, e.g. VHP, should be done to resolve the 
mechanisms of residual stress evolution in the composites. 
2. The load partitioning measurements by neutron diffraction show that there is a linear 
relationship between load bearing stress ratio and particle volume fraction. The GFF 
composite samples made from "clean" GARS powders with a thin oxide surface layer show 
significantly higher load transfer efficiency than the composites made from commercially 
atomized powders. The higher load transfer efficiency in GFF type composites may result 
from the enhanced inter-particle bonding strength, promoted by the clean interfaces 
between particles. 
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CHAPTER 7. GENERAL CONCLUSIONS 
1. Solid state vacuum sintering was studied in tap densifled Al powder and in hot quasi-
isostatically forged samples composed of commercial inert gas atomized or high purity Al 
powder, generated by a gas atomization reaction synthesis technique. The GARS process 
results in spherical Al powder with a far thinner surface oxide. After vacuum sintering at 
525 C for up to 100 hours, SEM results showed that the GARS Al powder achieved 
significantly advanced sintering stages, compared to the CIGA Al powder. Tensile 
results from forged samples of the two powder types also showed that although its UTS is 
lower, 95MPa vs. 147MPa, the ductility of the GARS pure Al sample is higher than that 
of the CIGA Al sample. The overall results indicated the enhanced ability of GARS-
processed Al and Al alloy powders for solid state sintering, which may lead to 
simplification of current Al powder consolidation processing methods. 
2. Elemental Al-based composites reinforced with spherical Al-Cu-Fe alloy powders were 
produced by quasi-isostatic forging and VHP processing methods. It was proved that 
spherical Al-Cu-Fe alloy powders can serve as an effective reinforcement particulate for 
elemental Al-based composites, because of their high hardness and a preferred type of 
matrix/reinforcement interfacial bonding, with reduced strain concentration around the 
particles. 
3. Microstructures and tensile properties of Al/Al-Cu-Fe composites were characterized. It 
was found that the quasicrystal phase in the Al-Cu-Fe reinforced particle transformed to 
m phase which has a lower density, but similar elastic modulus, CTE and hardness 
properties as quasicrystalline AlgsCuzsFen. Ultimate tensile strength and yield strength of 
the composites were increased over the corresponding Al matrix values far beyond typical 
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observations, probably promoted by a fine reinforcement particle size that matched the 
matrix powders, an improved spatial distribution of the reinforcements, and an improved 
interface bond strength between matrix and reinforcement particles. This reinforcement 
effectiveness is further evidenced by elastic modulus measurements of the composites 
that are very close to the upper bound predictions of the rule of mixtures. 
4. Particle cracking of the reinforcement particulate was a dominant failure mechanism for 
the composites under tensile loading, implying that there is sufficient interfacial bonding 
between the reinforcement particles and Al matrix to achieve the full benefit from the 
reinforcement. It was also observed that Al-Cu-Fe reinforcement particles can be sintered 
together to form strong agglomerates, unlike typical SiC reinforcement particles 
5. Composite samples made from high purity powders show a higher strengthening effect 
and ductility than the samples made from commercial purity powders, which may result 
from improved bonding between the high purity powders. Auger surface analysis detected 
evidence of increased matrix/reinforcement interfacial bonding in the composite sample 
made from GARS powder by alloy inter-diffusion layer measurements, consistent with 
the tensile property measurements. 
6. By measuring the load partitioning of matrix and reinforcement phases in the composites, 
using neutron diffraction, and combining this direct strengthening contribution with 
calculation of the two dislocation strengthening mechanisms, the Y.S. increase of both 
AFF and GFF composite samples can be predicted quite accurately. This predictive 
capability is probably aided by our simplified case of elemental Al matrix composite 
samples without precipitation strengthening and severe strain hardening during 
consolidation. It appears that a summation of direct and indirect strengthening 
mechanisms is sufficient to predict accurately the strength of the composites. In a non-
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ideal case, porosity in the composites was found to reduce significantly the load transfer 
capability from reinforcement particles to Al matrix, reducing the strength of the 
composite material. 
7. Neutron diffraction measurements also showed that the composites consolidated from Al 
and Al&sCuzsFeiz quasicrystal alloy powders have compressive residual stress in the Al 
matrix. However, the composites made by the quasi-isostatic forging process exhibited 
much higher compressive residual stresses in the Al matrix than the composites made by 
the VHP process. This compressive residual stress resulted from the combination of 
several factors, including the volume expansion of the reinforcement particles caused by 
phase transformation of the quasicrystal phase to a lower density crystalline m phase and 
the CTE and stiffness mismatch of the matrix and reinforcement phases. Further in-situ 
neutron diffraction measurement during consolidation process should be done to resolve 
the mechanisms of residual stress evolution in the composites. 
8. The load partitioning measurements by neutron diffraction show that there is a linear 
relationship between load bearing stress ratio and reinforcement particle volume fraction. 
The GFF composite samples made from "clean" GARS powders with a thin oxide surface 
layer show significantly higher load transfer efficiency than the composites made from 
commercially atomized powders. The higher load transfer efficiency in GFF type 
composites may result from the enhanced inter-particle bonding strength, promoted by the 
clean interfaces between particles. 
9. The effect of consolidation techniques, including quasi-isostatic forging and VHP, was 
studied. As shown by quantitative analysis of the reinforcement particle spatial 
distribution in all composite material samples for a wide range of length scales, the high 
level of reinforcement particle dispersion was almost the same in the forged and VHP 
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samples. Therefore, the significant tensile strength differences between forged and VHP 
composite samples may not result from any minor particle spatial distribution differences. 
Compressive residual stresses formed in the Al/Al-Cu-Fe alloy composite materials 
during consolidation can be very beneficial to the tensile properties. The high strain rate 
and short processing time of quasi-isostatic forging probably were responsible for higher 
compressive residual stresses in the Al matrix and, presumably, a higher dislocation 
density than VHP processed materials. After annealing for about the same time as the 
duration of the VHP process, the tensile strengths of a forged composite sample were 
reduced to the same strength level as that of the VHP composite samples. Relief of the 
compressive residual stresses was verified after annealing in the forged samples. The 
compressive residual stresses in the Al matrix may be beneficial to the fatigue behavior of 
the composites, which should be studied in further experiments. 
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